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ABSTRACT

Additive manufacturing has become a popular tool in a variety of different industries.
However, there remain many unknowns regarding the processing-structure-property re-
lationships and the corresponding quality, reliability, and performance of the parts. Laser
powder bed fusion, which is one of the most common metal additive manufacturing tech-
niques, has many benefits over traditional manufacturing and other metal additive manu-
facturing techniques. Inconel, which is a nickel-based superalloy, is a commonly used alloy
for nuclear, aerospace, and marine industries due to its excellent mechanical properties at
high temperatures. Although there is a significant amount of previous literature investi-
gating processing-structure-property relationships of laser powder bed fused Inconel 718,
few studies exist in the open literature that have investigated the variability of the pore
structure, microstructure, tensile properties, and fatigue life in the as-built condition (i.e.,
no heat treatments or stress relieving). However, there are potential applications, such as
deployment of additive manufacturing machines in the field, where it may not be possible
to perform heat treatments. There is a need to better understand the relationships among
laser-energy density, build orientation, pore structures, microstructures, and mechanical
properties for the as-built condition.

In this dissertation, a multiscale experimental approach is implemented, wherein each
chapter leverages progressively smaller specimens (all derived from the same initial build)
intended to investigate different aspects of property-process-structure relationships in as-
built laser powder bed fused Inconel 718. The research addresses three main objectives:
(1) to investigate the mechanisms driving high-cycle fatigue life with respect to different
processing conditions; (2) to investigate the effects of laser-energy density and build orien-
tation on the pore structure, microstructure, and tensile properties; and (3) to modify and
validate a void descriptor function to uniquely characterize pore networks and predict
fracture location in mesoscale tensile specimens. The primary findings from each study

are described in subsequent chapters.
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CHAPTER 1

INTRODUCTION

Additive manufacturing (AM), commonly referred to as 3D printing, has become a
popular and vital tool in a variety of different industries, especially in the aerospace,
nuclear, marine, defense, and energy industries [2]. The annual Wohlers report forecasts
the sales of AM products and services to exceed US$23.9 billion by the end of 2022 [3].
Metal AM techniques are currently revolutionizing, and will continue to revolutionize,
the manufacturing of metals in large part due to the ability to reduce the manufactur-
ing time, reduce the overall weight, enable geometric flexibility, and support the use of
a wide variety of metals and their alloys [4]. Although AM techniques are becoming
widely adopted for use in non-critical applications, there are many unknowns concern-
ing the processing-structure-property relationships for AM metals, thereby hampering
their widespread adoption in critical applications. Complicating the processing-structure-
property relationships for AM metals even further, there are many different AM techniques
used to manufacture metal parts, making it difficult to establish universal relationships. In
general, industry and academia have typically classified these techniques into two main
categories: powder bed fusion (PBF) and direct energy deposition (DED) [5]. One of the
most commonly used PBF methods, and AM methods in general, is laser powder bed
fusion (L-PBF), which will be the main focus of this dissertation [6]. In L-PBF (seen in
Figure 1.1), a metal powder is spread or rolled (depending on the manufacturer) onto
a build plate. A scanning laser is then used to locally melt/fuse a thin layer of metal
powder to create the first layer. The build plate is then lowered and another layer of
powder is spread on top of the lowered build plate. The scanning laser then melts the
next layer of metal powder. This is repeated layer-by-layer until the full three-dimensional
part is completed. L-PBF methods have many benefits over traditional manufacturing.

Additionally, L-PBF methods allow for near net-shape production of complex geometries
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that allow for the reduction in manufacturing time, reduction in post-processing time,
reduction in weight, and geometric flexibility, which are some of the most touted benefits
of AM [4].

To expand adoption of metal AM, especially in critical applications, a better under-
standing of the processing-structure-property relationships is needed. Modern L-PBF sys-
tems can have an overwhelming number of processing parameters to control. L-PBF
manufacturers tend to limit the number of processing parameters a user can control and
attempt to provide optimized processing parameters. However, due to the geometric flex-
ibility, it is difficult to achieve a standard parameter set that will be universally optimized
for every geometry and application. This has motivated significant research efforts into op-
timizing the AM processing parameters for specific structures or mechanical performance
[7-9]. The most commonly investigated processing parameters include the laser power,
laser scan speed, layer thickness, hatch distance, and scan pattern due to their direct impact
on the microstructure and defects in AM metals [8]. Although these are some of the more
commonly investigated parameters, as the AM field has grown, investigations into other
processing parameters have rapidly expanded. Much of this research has focused on un-
derstanding the evolution of the material structure due to changing processing parameters,
which is a vital link in understanding the processing-structure-property relationships.

The primary goal of this research is to improve understanding of the processing-structure-
property relationships in as-built L-PBF Inconel 718 (IN718) using materials characteriza-
tion and mechanical testing across multiple length scales. This dissertation consists of
three main studies. The first study focuses on the high-cycle fatigue life of as-built IN718
manufactured by laser powder bed fusion and tests the hypothesis that high-cycle fatigue
life is driven by two competing mechanisms: surface roughness and porosity. A com-
prehensive set of processing parameters was investigated, and the mechanisms driving
high-cycle fatigue life in as-built L-PBF IN718 were determined [10]. The second study
focuses on down selecting parameter sets from the first study to quantify the differences
of pore structure, microstructure, and quasi-static tensile properties due to changes in the
processing parameters using miniature tensile specimens [1]. The final study focuses on
testing the hypothesis that incorporating pore-pore interactions and pore ellipticity into a

void descriptor function (VDF) reported previously in the literature can serve to improve
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characterization of pore structures and provide an indication of fracture location. The
modified VDF is assessed using mesoscale tensile specimens machined from a subset of

the L-PBF IN718 fatigue specimens tested in the first study.

1.1 Overview of processing-structure-property relationships
in AM metals

One of the most vital aspects of the processing-structure-property relationships for AM
metals is the porosity. In ductile metals especially, one of the most important failure mech-
anisms is pore coalescence and growth [11]. Recent works have begun to acknowledge the
significance that porosity plays in the mechanical response in metal AM [10, 12-14]. With
this recent acknowledgement, there has been a significant amount of work investigating
the evolution of porosity due to AM processing parameters. Researchers have suggested
there are three main types of pores that can evolve in AM metals: gas pores, keyhole
pores, and lack-of-fusion pores [15]. Gas pores are commonly found in AM metals and
are typically spherical. Two different mechanisms can cause the formation of gas pores:
hollow powder particles and gas entrapment. With typical processes to manufacture metal
powders, gases can become entrapped inside of the powder particles [16]. When the
melting of the powder occurs, these entrapped gases remain in the molten pool unless
they can escape. Similarly, entrapment of the shielding gases or vapors from the material
can cause gas pores [17]. Keyhole pores are another type of pores commonly found in
AM metals. Keyhole pores typically evolve at high levels of laser energy density, where
keyholes become unstable and collapse [18-20]. Keyhole pores are typically spherical,
similar to gas pores, but can have variable sizes depending on the size and shape of the
keyhole prior to collapse. The third type of pore (or void) that can evolve in AM metals
is caused by lack-of-fusion. Lack-of-fusion pores are irregularly shaped voids that are
caused by an insufficient melting of the powder and occur in the low levels of laser energy
density [21,22]. Primarily, the lack-of-fusion pores and keyhole pores are the most sensi-
tive to changes in the processing parameters, which leads to large variations in porosity.
Additionally, the different types of pores have been shown to have different impacts on
the mechanical response [20,23-29]. For example, Hilaire et al. [30] showed that lack-of-

fusion pores (irregularly shaped) created localized stress concentrations and promoted the
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initiation of sharp cracks more so than spherical pores (gas pores). Additionally, Gribbin
et al. [31] showed that the fatigue life of L-PBF Inconel was directly attributed to the
presence of pores. Both of these works, along with many others, highlights the importance
of understanding the unique evolution of porosity and its corresponding impact on the
mechanical behavior in AM metals.

The microstructure of AM metals also presents a challenge in deciphering processing-
structure-property relationships due to the intrinsic anisotropy and heterogeneity in the
material [13]. The complex thermal history in the AM process produces unique microstruc-
tures that are generally not found in traditional metals. The microstructure in AM metals,
specifically in the as-built condition, consist of columnar grains elongated in the build
direction [32-35]. Additionally, common metrics characterizing the microstructure in met-
als may be insufficient for describing the microstructure in AM metals. A strong crystal-
lographic texture is also typically observed in most AM metals [36-38]. Although both
the grain morphology and crystallographic structure can contribute to the anisotropy in
mechanical properties, the morphology likely has a larger influence on the anisotropy
[39,40]. Despite general observations regarding the microstructure in AM metals, the
specific variations in microstructure are strongly dependent on the alloy and the type of
AM technique used. The remaining literature review focuses specifically on IN718, and
additional background is provided in Chapters 2 through 4.

Inconel is a nickel-based superalloy that has become increasingly popular specifically
in the aerospace, nuclear, and marine industries due in part to its ability to retain its
strength over a wide range of temperatures [41-43]. IN718, one of the most commonly
used Inconel alloys, is a Ni-Cr-Fe austenitic superalloy, which has excellent mechanical
properties especially at high temperatures and in corrosive environments [44]. A passivat-
ing oxide layer is created during the heating of Inconel, which provides thermal insulation
and corrosion resistance, leading to maintained strength at high temperatures [45]. IN718
consists of a y-fcc (face-centered cubic) phase, which is known as the y-matrix, that is
rich in nickel (Ni), chromium (Cr), and iron (Fe) [46]. It is a precipitation-strengthened
superalloy with the main strengthening phases being the y’-fcc and y”-bct (body-centered
tetragonal) phases, which consist of Ni3(Al Ti,Nb) and NizNb, respectively. The y”-bct

phase exhibits a higher degree of strengthening than the y’-fcc phase; however, the y”-bct
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phase metastability, which is a material’s ability to transform into another state, can lead
to additional phases such as carbides, & precipitates, and Laves phases. These additional
phases and precipitates typically have a negative impact on the mechanical properties [47].

Traditionally, IN718 has been used in wrought, cast, and powder metallurgy appli-
cations with great success. However, the high hardness and low thermal conductivity
of IN718 make it difficult and costly to machine [48-50], which can lead to tool over-
wear and poor surface integrity of the finished part [51]. AM techniques have shown
the ability to create near-net-shaped parts, which could solve many of the machining
concerns with IN718 [12]. IN718 manufactured by L-PBF methods has been shown to
have similar mechanical properties to wrought IN718 [52]. Wang et al. [52] showed that
the tensile strength and ductility of L-PBF IN718, which was solution treated and double
aged, were comparable to those of wrought IN718. Specifically, they observed an ultimate
tensile strength range of 1137-1358 MPa for L-PBF IN718 compared to 1200-1400 MPa for
wrought IN718 and observed an almost identical elastic modulus of 201 GPa versus 208
GPa. However, Hilaire et al. [53] reported the influence of varying processing parameters
on the microstructure, yield strength, and ultimate strength of L-PBF IN718 and concluded
that the optimization of processing parameters should be performed to maximize the
mechanical properties. Although L-PBF IN718 has shown similar tensile properties to
those of wrought IN718, the fatigue life of L-PBF IN718 has remained a concern and has
been shown to be significantly lower than that of wrought IN718 [54]. Specifically, Gribbin
et al. [31] showed that the decrease in low-cycle fatigue life of heat-treated (solution
treated and doubled aged) L-PBF IN718 was due to the presence of internal defects such
as porosity.

Based on the above review, there is a need to better understand the relationships among
laser-energy density, build orientation, pore structures, microstructures, and mechanical
properties for IN718, namely in the as-built condition. The studies described in the fol-
lowing chapters detail the impact of processing conditions on intrinsic material structures
and, in turn, their impact on bulk-scale fatigue properties (Chapter 2), microscale tensile
properties (Chapter 3), and mesoscale fracture behavior (Chapter 4) for as-built L-PBF
IN718.
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CHAPTER 2

MECHANISMS DRIVING HIGH-CYCLE
FATIGUE LIFE OF AS-BUILT IN718
PROCESSED BY L-PBF

The contents of this chapter are adapted from the following journal article: D.S. Wa-
tring, K.C. Carter, D. Crouse, B. Raeymaekers, and A.D. Spear, “Mechanisms driving high-
cycle fatigue life of as-built Inconel 718 processed by laser powder bed fusion,” Materials
Science and Engineering: A, vol. 761, p. 137993, 2019.

This study investigates the relationships among the high-cycle fatigue life, surface
roughness, and additive manufacturing processing parameters in laser powder bed fusion
Inconel 718 in the as-built condition. Standardized fatigue specimens were manufactured
using 25 different sets of processing parameters by varying laser power, scan speed, layer
thickness, and build orientation, with three repeat specimens per parameter set. Surface
roughness measurements were conducted using white light interferometry, high-cycle fa-
tigue life was measured, and fractography analysis was performed using scanning electron
microscopy. Two processing-parameter metrics were observed to dominate high-cycle
fatigue life: build orientation and laser-energy density. Build orientation affected fatigue
life due to the relationship between build orientation and surface roughness. Increas-
ing surface roughness decreased the fatigue life due to increasing surface-crack initiation
sites. For a fixed build orientation, the laser-energy density, outside of the optimal range,
decreased the fatigue life due to sub-surface defects. Specifically, fractography analy-
sis showed that sub-surface defects consisted of lack-of-fusion pores at low laser-energy
densities and secondary cracking and pores (possibly related to keyholing) at high laser-
energy densities. While variability in residual stresses among the specimens could also
play a role, this work focuses on geometrical surface and sub-surface defects caused by

different processing parameters and their corresponding impact on total fatigue life. Based
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on these findings, guidelines are offered to improve fatigue life of additively manufactured

Inconel 718 in the as-built, non-heat-treated condition.

2.1 Introduction

While additive manufacturing (AM) has become a popular tool in a variety of different
industries [2,56], there remain many unknowns regarding the relationships between the
build or process parameters and the corresponding quality, reliability, and the performance
of the parts [57]. There are many different AM techniques used to manufacture metal parts.
These techniques are typically categorized as powder bed fusion (PBF) and direct energy
deposition (DED) [5]. Powder bed fusion can be separated further into laser powder bed
fusion (L-PBF) [6] and electron beam melting (EBM) [58]. In L-PBF, metal powder is spread
or rolled onto a build plate. A scanning laser is then used to locally melt/fuse a thin layer
of metal powder to create the first layer. This is repeated layer-by-layer, until the full three-
dimensional part is completed. L-PBF has many benefits over traditional manufacturing
and other metal AM techniques including high accuracy in fine details, near net-shape
production of complex geometries, and the ability to use a variety of metals and their
alloys [4], including Inconel.

Inconel is a nickel-based superalloy that has become increasingly popular in the aerospace,
nuclear, and marine industries in part to its ability to retain its strength over a wide tem-
perature range. Particularly, Inconel shows excellent mechanical properties especially at
high temperatures and in corrosive environments [44], whereas mechanical properties of
aluminum and steels may degrade in such conditions [59-62]. Inconel creates a passi-
vating oxide layer during heating, which prevents the surface from further heating and
corrosion [45]. Additionally, Inconel shows an increase in strength due to solid solution
and precipitation hardening [63]. One of the most commonly used Inconel alloys is 718
[43]. Inconel 718 (IN 718) shows many improved mechanical properties over other Inconel
alloys. However, due to its high hardness and low thermal conductivity, it is significantly
more difficult and costly to machine [48-50,64]. AM techniques have shown the ability
to create near-net shaped parts, which could solve many of the concerns with IN 718
[12]. IN 718 manufactured by L-PBF methods has been shown to have similar mechanical

properties to wrought 718 [52]. Wang et al. [52] showed that the tensile strength and
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ductility of selective laser melted (SLM!) IN 718, which was solution treated and double
aged, were comparable to those of wrought 718. Specifically, they observed an ultimate
tensile strength range of 1137-1358 MPa for SLM IN 718 compared to 1200-1400 MPa for
wrought 718 and observed an almost identical elastic modulus of 201 GPa versus 208 GPa.
However, Hilaire et al. [53] showed the influence of varying processing parameters on
the microstructure, yield strength, and ultimate strength of L-PBF IN 718 and concluded
that the optimization of processing parameters should be performed to maximize the
mechanical properties. Although L-PBF IN 718 has similar mechanical properties to those
of wrought 718, the fatigue life of L-PBF IN 718 has been shown to be significantly lower
than that of wrought 718 [54]. Specifically, Gribbin et al. [31] showed that the decrease
in low-cycle fatigue life of heat-treated (solution treated and doubled aged), direct metal
laser sintered (DMLS?) IN 718 was due to the presence of porosity. Additionally, others
have shown that porosity in heat-treated L-PBF IN 718 parts can be induced by varying
processing parameters [26]. Thus, a thorough understanding and control of the processing
parameters are required for optimizing the fatigue life in L-PBF IN 718.

The objective of this study was to examine the relationships among the AM process
parameters (laser scan power, laser scan speed, layer thickness, and build orientation) for
alaser powder bed fusion technique, surface roughness parameters, and high-cycle fatigue
life of as-built L-PBF IN 718. Few studies exist in the open literature that have investigated
the material in the as-built condition, without applying heat treatments or stress relieving.
However, there are potential applications, such as deployment of AM machines in the
tield, where it may not be possible to perform heat treatments. To better optimize AM
parts for use in such applications, there is a need to better understand the process-property
relationships for the as-built condition. Therefore, the L-PBF specimens in this work had
no heat treatments applied (e.g., stress relief, solution treatment, double aging, etc.). A total
of 11 different laser powers, 13 different laser scan speeds, two different layer thicknesses,
and three different build orientations were investigated. The high-cycle fatigue life for

different combinations of AM processing parameters was determined, and the competing

ISelective laser melting (SLM) is a commonly used L-PBF technique.

Direct metal laser sintering (DMLS) is another commonly used L-PBF technique.
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physical mechanisms driving the fatigue life of L-PBF IN 718 were investigated.

2.2 Methods and materials
2.2.1 Materials and processing parameters

The test specimens used in this study were fabricated from 3D Systems Inconel 718
powder, which was recycled powder within 3D Systems usable standards. Analysis of the
particle-size and aspect-ratio distributions of the Inconel 718 powder was performed in
accordance with the ASTM F1877 standard [65]. Standardized fatigue test specimens were
manufactured with a target gauge width of 6.36 mm and target gauge thickness of 3.10
mm, in accordance with the ASTM E466-15 standard [66]. Figure 2.1a shows the target
dimensions of the specimens. The specimens were built using 3D Systems ProX DMP
320 machine. In total, 25 different parameter sets were defined, each having a unique
combination of laser power, laser scan speed, layer thickness and build orientation. The
upper and lower values for the laser power and laser scan speed were selected based on
the manufacturer’s specified limits. The laser power ranged from 115 W to 465 W, with 11
different values selected within that range, and the laser scan speed ranged from 620 mm/s
to 1770 mm/s, with 13 incremental values selected. The values for the layer thickness
were set to the ProX DMP 320 standard thicknesses: 30 um and 60 um. Each specimen
was manufactured such that the loading axis was aligned 0°, 60°, or 90° relative to the
recoater direction in the build plate, as shown in Figure 2.1b. For the purpose of this study,
the hatch spacing and spot size were held constant at standard values: 100 ym and 50
um, respectively. The entire parameter matrix can be seen in Table 2.1. Additionally, all
of the 30 um thickness specimens were built using contouring parameters of 115 W and
625 mm/s for the laser power and scan speed, whereas the 60 um thickness specimens
were built using 165 W and 625 mm/s contouring parameters. The parameter ranges were
chosen such that volumetric laser-energy density (E,) ranged from approximately 30 to 90
J/mm?, based on optimal values specified by 3D Systems. The volumetric laser-energy
density is E, = -, where P is the laser power, v is the scan speed, h is the hatch spacing,
and t is the layer thickness [67]. For each parameter set, there were three fatigue specimens
manufactured for a total of 75 specimens. All of the specimens were tested in the as-built

condition (i.e., no post-processing or secondary heat-treatments were performed).
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2.2.2 Surface roughness measurements
Surface roughness was measured in the gauge region for all 75 specimens. The surface
roughness measurements were obtained using a Zeta 3D optical profilometer with a 10
objective lens. Three scans per side on all four sides of the gauge region were measured
covering an area of 948 ym by 711 ym. Ten different surface roughness metrics were
quantified for each specimen, namely Ra, Rms, Rt, Rsk, Rku, RzDIN, RZ]IS, 1, p, and o5. A

description of all of the surface roughness parameters is provided in Appendix A.

2.2.3 Fatigue testing

Following surface roughness measurements, all 75 specimens were cyclically loaded
(tension-tension) to failure with the maximum stress of 600 MPa, stress ratio of 0.1, and
a frequency of 20 Hz. The fatigue testing parameters were chosen such that the total
fatigue-life testing was in the high-cycle range (i.e. within the elastic regime) at a fixed
stress amplitude, which would result in fatigue failure within a tractable number of cycles
(nominally 100,000). To that end, the stress amplitude was identified using S-N curves
(at R=0.1) from the literature for AM IN 718 [54]. Note that the reported yield strength
of L-PBF IN 718 is between 800 MPa and 1100 MPa [68,69], which is well above the
applied peak stress. The fatigue testing was performed in force control at a frequency of
20 Hz on an MTS 810 servo-hydraulic testing machine using a 25 kN load cell. Hydraulic
grips were used to hold the specimens at 20 MPa, which is approximately 3.3% of the
maximum applied stress. The cross-sectional area of each specimen was measured using a
Keyence VHX-5000 optical microscope, which was then used to accurately determine the

load required to reach a maximum applied stress of 600 MPa.

2.2.4 Fractography
Fractography analysis was performed on each specimen after fatigue failure using a
Hitachi S-2600N scanning electron microscope (SEM). Representative images for speci-
mens with the same laser-energy density but different build orientations were analyzed
to quantify the amount of fracture initiation beginning on the surfaces of the specimens.
Additionally, representative images for specimens with different laser-energy densities but

the same build orientation were analyzed to investigate the sub-surface defects.
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2.3 Results
2.3.1 Powder characterization
Figure 2.2 shows SEM images of the IN 718 powder at low and high magnification.
The majority of the powder particles are spherical or near spherical (similar to Figure 2.2b).
However, some particles appeared to be partially fused (Figure 2.2c) and display an oblong
morphology (Figure 2.2d). SEM images similar to that shown in Figure 2.2a were used to
determine the powder particle-size distribution for a population of 534 particles, shown in
Figure 2.3, which is similar to those seen in the literature [52]. The mean particle size was

found to be 39.98 um, compared to 43.8 um reported by 3D Systems.

2.3.2 Surface roughness

A correlation study was performed to determine the roughness parameters exhibiting
the strongest correlation to the high-cycle fatigue life. The methodology and results from
the correlation study are presented in Appendix B. The average of three scans was taken
for each side, and the maximum of the averaged values among the four sides was used to
represent the overall roughness for a given specimen. Based on results from the correla-
tion analysis, it was found that no one parameter significantly correlated with high-cycle
fatigue life. Therefore, to simplify the presentation of results, only the average roughness
value (Ra) will be considered and discussed. Figure 2.4 shows representative surface
topography maps of each side of the specimens for each of the build orientations. For the 0°
build orientation, the surface topography maps for sides three and four have been plotted
using a different scale than that for sides one and two due to the significant difference in
surface-roughness magnitude. The significantly higher surface roughness for side four in
the 0° build orientation specimen is likely due to the supports that were needed during the
printing process (see Figure 2.1b). The 90° build orientation specimens showed the next
roughest surfaces with side three being the roughest (Figure 2.4c). It can be postulated
that this difference in surface roughness (between sides three and four) could be caused
by some mechanism attributed to the gas flow direction. The surface roughness of the 60°
build orientation specimens was slightly less than the 90° specimens with the roughest

side being side two, which can be attributed to the downskin of the specimen.
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2.3.3 Fatigue life

Figure 2.5 shows the fatigue life as a function of the different sets of process parameters,
by comparing the total fatigue life to the volumetric laser-energy density for different
layer thickness and build orientation. For a fixed build orientation, the total fatigue life
presented in Figure 2.5a exhibits a bell-shaped relationship with the laser-energy densities,
which tend to result in lower total fatigue life for lower and higher laser-energy densities.
Figure 2.5b shows a similar trend, although it is less pronounced. It is noted that one
specimen for the 60 um, 90° build orientation, and lowest energy density showed visual
signs of damage prior to loading. Namely, it showed significant warping, which could be
due to residual stresses from the manufacturing process, and notches on the edges, which
could be due to removing the support structures. Therefore, it was considered an outlier
and was not included in the trend line shown for that data set. Overall, the specimens built
at a 60° build orientation with a laser-energy density of 62.15 J/mm? and 30 um thickness
resulted in the maximum total fatigue life among all parameter sets considered in this

study.

2.3.4 Fractography

Figure 2.6 shows the fracture surfaces of nine test specimens selected from 30 ym layer
thickness at three different laser-energy densities from each build orientation: 45 J/mm?,
62 J/mm3, and 77 J/mm3. The middle column corresponds to specimens displaying the
highest total fatigue life (62 ]/ mm? laser-energy density). In the first column (45 J/ mm?3),
there is consistently a very tortuous fracture surface compared to the other laser-energy
densities, which is indicative of a high amount of porosity or defects. Figure 2.7 shows
higher magnification images that revealed the majority of these defects consisted of lack-
of-fusion pores with powder particles present. Additionally, Figure 2.7 shows a significant
amount of secondary cracking and pores at high laser-energy densities. Figure 2.8 shows
lower magnification images displaying the transition from stable crack growth to final
fracture. The relative portion of stable crack-growth area per cross section is approximately
49.25% for the 0° specimen, 76.71% for the 60° specimens, and 52.58% of the 90° specimens.
Similar trends were observed in the 60 ym layer thickness specimens.

The main difference among the three build orientations was the number of crack initi-
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ation sites observed on the specimen surfaces. Surface-crack initiation sites were observed
in all three specimens; however, there were significantly more surface-crack initiation sites
observed in the 0° build orientation specimens, fewer in the 90° specimens, and the fewest
in the 60° specimens. Figure 2.9 shows representative images of surface-crack initiation
sites. Surface-crack initiation predominantly occurred on sides three and four, which
corresponded to the roughest surfaces. There were approximately 63% more occurrences
of surface-crack initiation sites for the 0° specimens compared to the 60° specimens and
approximately 29% more in the 90° specimens compared to the 60° specimens (all for
the 30 ym layer thickness). Table 2.2 shows the number of surface-crack initiation sites

observed on the surface of each specimen.

2.4 Discussion
To facilitate the use of L-PBF IN 718 in fatigue critical applications, it is paramount to
understand the mechanisms that determine the fatigue life of L-PBF IN 718. In this work,
two different relationships were observed: the relationship between surface roughness and
high-cycle fatigue life, and the relationship between laser-energy density and high-cycle

fatigue life.

24.1 Relationship between build orientation, surface roughness,
and high-cycle fatigue life

The results from sections 3.2 and 3.3 are synthesized in Figure 2.10, which shows the
maximum surface roughness, the high-cycle fatigue life, and build orientation for each
specimen. It is evident that fatigue life is dependent upon surface roughness, which is
dependent upon the build orientation. The 0° build orientation exhibits rougher surfaces
and generally results in lower fatigue life. On the other hand, the 60° build orientation,
which Figure 2.5 shows to provide the highest values of fatigue life, exhibits low surface
roughness. While increasing surface roughness is generally regarded to decrease fatigue
life, a question of interest is whether stress concentrations associated with AM-induced
surface roughness increases the number of crack initiation sites, or whether the number
of crack initiation sites is approximately the same but have earlier onsets. To investigate
this, the fracture surfaces were carefully analyzed. The 0° build orientation specimens

showed significantly more surface-crack initiation sites; whereas, for the surfaces with
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lower roughness values, fewer surface-crack initiation sites existed. Figure 2.8 shows
overviews of representative surfaces of the three different build orientations at identical
laser-energy densities. There were approximately 60% more crack initiation sites on the
surfaces for the 0° build orientation compared to the 60° build orientation for the 30 ym
layer thickness. Others have demonstrated that multiple initiation sites lead to higher
crack driving forces [70-73], which can lead to increased crack growth rates. The 0° build
orientation had the lowest high-cycle fatigue life and the highest number of surface cracks.
Therefore, it can be inferred that the number of crack initiation sites impacts the crack
growth rates, reducing the number of cycles to reach fracture (propagation cycles). Addi-
tionally, it can be postulated that some of the reduction in fatigue life could be due to early
onset of crack initiation. Spear et al. [74] have shown that early initiation of fatigue cracks
can be caused by local, pit-induced, stress concentrations. The reduction of fatigue life in
the specimens with higher surface roughness can hence be attributed to a reduction in the
propagation cycles due to a higher amount of crack initiation sites and a reduction in the
cycles to initiation due to local stress concentrations on the surface.

Other work has been performed investigating the surface roughness and fatigue life
of L-PBF IN 718. In that work, Gockel et al. [9] held the build orientation constant while
varying contour power and scan speed of the fatigue specimens. They showed limited
correlation between surface roughness (Ra) and fatigue life, which they attributed to pow-
der particles on the surface that essentially obfuscate the underlying, more important,
surface features. While Gockel et al. show that parameters like Ra might not adequately
characterize fatigue-critical surface features, the results from this work suggest that Ra,
nonetheless, exhibits meaningful correlation with fatigue life for the ranges of specimens
studied here. One reason for this could be the variability of surface roughness that is
introduced by varying build orientation, which has a clear impact on fatigue life. That is,
due to significant variation of Ra values across all 75 specimens, the correlation coefficients
with fatigue life are relatively high. Based on work by Gockel et al., it appears that using
a more accurate description of relevant surface structure would lead to even stronger
correlation coefficients. Testing this would require the use of X-ray computed tomography,
which is beyond the scope of the current study; additionally, the overall trends presented

in this work are not expected to vary by doing so.
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Despite the clear trends among build orientation, surface roughness, and fatigue life,
there does not appear to be a clear trend between surface roughness and fatigue life for a
tixed build orientation (Figure 2.10). This suggests that another mechanism must also play
a role in the high-cycle fatigue life of L-PBF IN 718. To investigate the mechanism behind

this variation, an analysis of the sub-surface defects was performed.

2.4.2 Relationship between the laser-energy density and the
high-cycle fatigue life

From sections 3.3 and 3.4, it is evident that for a fixed build orientation, fatigue life
is strongly dependent on sub-surface defect structure, which is, in turn, dependent upon
volumetric laser-energy density. Sheridan et al. [26] have shown that for machined L-PBF
IN 718 parts, the porosity can be induced by varying the processing parameters, which
ultimately determines the fatigue life. The parameters that Sheridan et al. investigated
were the power, velocity, hatch spacing, and layer thickness, which directly relate to the
laser-energy density, for two different machines (Concept laser M2 cusing and EOS M290);
however, a large range of laser-energy density was not investigated (only one value for the
M2 and three values for the EOS M290). Furthermore, the relationship between the vol-
umetric laser-energy density and the high-cycle fatigue life is more complicated than the
relationship between the surface roughness and fatigue life. A bell-shaped curve relates
the fatigue life to laser-energy density. A similar curve was observed in previous work
when comparing porosity and laser-energy density [75,76]. Kantzos et al. [77] have shown
that the introduction of porosity due to varying processing parameters reduce the fatigue
life. For this specific AM process, an optimal range of volumetric laser-energy density
exists where the sub-surface defects (secondary cracking, porosity) are minimum, and the
high-cycle fatigue life is maximum. The optimal range was around 60 to 70 ]/ mm?> and
40 to 45 J/mm? for the 30 um and 60 um layer thickness specimens, respectively. At lower
values of laser-energy density, the high-cycle fatigue life is significantly reduced. Similarly,
the high-cycle fatigue life is significantly reduced at higher laser-energy densities.

The fractography analysis shows that in the low laser-energy density ranges, there was
a very tortuous fracture surface indicative of a high amount of porosity. The porosity and
sub-surface defects in the low energy density ranges are predominantly due to lack-of-

fusion pores (Figure 2.7). Typically, three to five Inconel particles were present in these
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lack-of-fusion pores, but fracture initiation was observed to begin at larger clusters of
particles. However, the fractography analysis for the high laser-energy density specimens
showed different sub-surface defects than the low laser-energy densities. There was a
significant amount of secondary cracking observed (seen in Figure 2.7) along with fracture
initiating at sub-surface porosity. This could be due to keyhole (or other metallurgical)
pores [21]. The secondary cracking observed could be due to a similar mechanism to hot
cracking [78], hot tearing [79], or liquation cracking [80]. Hot cracking is caused by a
high grain misorientation and hot tearing is caused by high residual stresses due to high
temperature gradients. Chen et al. [80] concluded that liquation cracking in additive IN
718 is due to the liquation of Laves/y particles during manufacturing. They also observed
that an increase in the heat input, due to processing parameters, showed an increase in
susceptibility to liquation cracking, which can be compared to the increase in cracking
observed in this work with an increase in the laser-energy density.

The fatigue behavior of L-PBF IN 718 presented in this study is consistent with litera-
ture showing that fatigue life in metals is typically driven by surface and sub-surface de-
fects [81-84]. The main contribution of this work is the establishment of links among L-PBF
build parameters and high-cycle fatigue-driving mechanisms, considering a broad space
of build parameters. The mechanism of fracture initiation at surface defects is dominated
by the surface roughness, which is predominantly governed by build orientation. For a
given build orientation, the fatigue life is driven by the sub-surface defects in AM metals
due to a high amount of lack-of-fusion pores at low laser-energy densities and metallur-
gical porosity at high laser-energy densities. The sub-surface defects are predominantly
associated with the laser process parameters: laser power, scan speed, hatch spacing,
and layer thickness. Although the results from the correlation analysis showed that no
one parameter significantly correlated with high-cycle fatigue life, there could be factors
leading to this perceived weak correlation. Outside of the optimal range of laser-energy
density, there is significant near-surface porosity that may be contributing to the weak
correlation. A separate Pearson correlation analysis was performed among the fatigue
life, Ra values, and Rms values using only the specimens in the optimal laser-energy
density range. The results showed approximately a 33% increase in the magnitude of

correlation coefficient for Ra (-0.571 to -0.763) and a 29% increase in the magnitude of
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correlation coefficient for Rms (-0.565 to -0.730). Additionally, the residual stresses due
to the different laser-energy densities and build orientations may have influenced the
fatigue results, thereby further impacting the correlation coefficients. While it is noted
that variability in residual stresses induced by the L-PBF process also likely contributes
to variability in fatigue life, the work presented here focuses on geometrical surface and
sub-surface defects induced by the L-PBF process and their corresponding impact on total

fatigue life.

2.5 Conclusion
In this study, a systematic design of experiments was performed to investigate the
relationships among process parameters, surface roughness, and the high-cycle fatigue life
in L-PBF IN 718. Based on the experimental fatigue results and fractography, the following

conclusions are made:

1. In the high-cycle fatigue life of L-PBF IN 718, there are two competing mechanisms
that influence the fatigue life. The first mechanism is due to the relationship be-
tween the surface roughness and the high-cycle fatigue life. The surface roughness
causes an increase in the number of surface-crack initiation sites, which reduces the
fatigue life. The second mechanism is due to the relationship between the volumet-
ric laser-energy density and the high-cycle fatigue life, which causes an increase in

sub-surface defects.

2. The worst total fatigue life was observed for the 0° build orientation specimens,
while the 60° build orientation specimens showed the highest total fatigue life. The
fractography analysis shows that fracture initiation sites occur predominantly on
the surfaces of specimens for the 0° build orientation specimens with significantly
fewer surface-crack initiation sites on the 90° and 60° build orientation specimens.
Hence, the fatigue life is driven by the surface roughness. The surface roughness
contributes to the possible number of fracture initiation locations on the surface of
the specimen, which is predominantly due to the build orientation. The reduction in
fatigue life is due to higher crack propagation rates caused by an increased number

of surface-crack initiation sites.
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3. The total fatigue life within a specific build orientation follows a bell-shaped curve.
There is an optimal laser-energy density, depending on the layer thickness, for the
total fatigue life. For the 30 um layer thickness, this value is around 60 to 70 J/mm?3.
For the 60 ym layer thickness, it is around 40 to 45 J/mm?. This is consistent with
previous work showing that at low and high values of energy densities, there is
an increased amount of sub-surface porosity and defects. The laser-energy density
drives the amount of sub-surface pores and defects, which ultimately drives the
total fatigue life within a given build orientation. At low volumetric laser-energy
density ranges, the sub-surface defects consist of lack-of-fusion pores. At high vol-
umetric laser-energy density ranges, the sub-surface defects consist of keyhole (or
other metallurgical) pores and secondary cracking possibly caused by a hot tearing

like mechanism.

4. Similar to traditional materials, the total fatigue life in AM Inconel is dominated
by surface and sub-surface defects. Residual stresses may also affect the high-cycle
fatigue life, but were not investigated in this work. From this work, however, the con-
clusion can be made that to maximize the total fatigue life in as-built L-PBF IN 718,
the manufacturing process should minimize the sub-surface defects through process
parameter optimization (specifically the laser power, scan speed, hatch spacing, and
layer thickness) and also minimize the surface roughness through build orientation

or machining when possible.
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Table 2.1. Test matrix for L-PBF IN 718 processing parameter sets. For each parameter set,
three specimens were manufactured and tested.

Parameter | Power Scanspeed Layer thickness Build orientation Laser-energy density
set (W)  (mm/s) (pm) ) (J/mm?)
1 220 1180 30 60 62.15
2 330 1770 30 0 62.15
3 115 620 30 90 61.83
4 168 1475 30 0 37.97
5 275 1200 30 0 76.39
6 115 915 30 60 41.89
7 330 1475 30 60 74.58
8 168 1180 30 90 47.46
9 200 800 30 90 83.33
10 275 1770 30 60 51.79
11 315 1050 60 60 50.00
12 465 1450 60 0 53.45
13 240 850 60 90 47.06
14 165 850 60 0 32.35
15 390 1050 60 60 61.90
16 465 1400 60 90 55.36
17 165 650 60 0 42.31
18 240 1250 60 60 32.00
19 315 1250 60 60 42.00
20 390 1450 60 90 44.83
21 220 1180 30 0 62.15
22 220 1180 30 90 62.15
23 315 1050 60 0 50.00
24 315 1050 60 90 50.00
25 200 1000 60 90 33.33

Table 2.2. Number of observed surface-crack initiation sites from one representative
sample at each build orientation.

Build orientation | Medium laser-energy density
0° 57
60° 35
90° 45
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Figure 2.1. Manufactured specimens. a) Specimen dimensions in accordance with ASTM
E466-15. b) All as-built IN 718 specimens on the build plate prior to removal with support
structures shown.

Figure 2.2. Representative SEM images of IN 718 powder particles showing a) an
overview, b) perfectly spherical particles, c) partially fused particles, and d) oblong shaped
particles.
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Figure 2.3. Inconel 718 powder particle size distribution determined using SEM particle
mapping.
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a) 0° Build Orientation b) 60° Build Orientation c) 90° Build Orientation
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Figure 2.4. Representative surface topography maps and Ra values for a) 0° build orien-
tation, b) 60° build orientation, and ¢) 90° build orientation. Note, contour limits for the
maps are scaled differently to enable visual contrast for each surface.
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Figure 2.5. High-cycle fatigue life versus volumetric laser-energy density for a) 30 ym
layer thickness specimens and b) 60 ym layer thickness specimens.
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Figure 2.6. SEM images of fracture surfaces of high-cycle fatigue tested L-PBF IN 718 for
30 um at a) 45 J/mm?3 and 60° build orientation, b) 62 ]/ mm? and 60° build orientation, c)
77 J/mm? and 60° build orientation, d) 45 J/mm? and 90° build orientation, e) 62 J/mm?
and 90° build orientation, f) 77 J/mm? and 90° build orientation, g) 45 J/mm? and 0° build
orientation, h) 62 J/mm?3 and 0° build orientation, i) 72 J]/mm? and 0° build orientation.
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Figure 2.8. Representative SEM images of fracture surfaces showing stable crack growth
(left of the boundary line) and final fracture region (right of the boundary line) for 30 um
layer thickness: a) 0° specimen with N¢ = 70523 cycles, b) 60° specimen with N¢ = 194329
cycles, and c¢) 90° specimen with N¢ = 120255 cycles.
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Figure 2.9. Representative SEM images of surface cracks for a) 60° specimens, b) 90°
specimens, c) 0° specimens, and d) a representative sub-surface initiation site.
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Figure 2.10. Build orientation versus Ra values. a) Relationship among high-cycle fatigue
life, roughness average parameter (Ra), and the build orientation for all three build orien-
tations (n=75 samples). Magnified views are shown for 60° and 90° build orientations. b)

Relationship between the high-cycle fatigue life and Ra for all 75 samples.



CHAPTER 3

EFFECTS OF LASER-ENERGY DENSITY AND
BUILD ORIENTATION ON STRUCTURE-
PROPERTY RELATIONSHIPS IN AS-
BUILT L-PBF IN718

The contents of this chapter are adapted from the following journal article: D.S. Wa-
tring, ].T. Benzing, N. Hrabe, and A.D. Spear, “Effects of laser-energy density and build
orientation on the structure-property relationships in as-built Inconel 718 manufactured
by laser powder bed fusion,” Additive Manufacturing, vol. 36, p.101425, 2020.

This study investigates the effects of build orientation and laser-energy density on
the pore structure, microstructure, and tensile properties of Inconel 718 manufactured
by laser powder bed fusion. Three different build conditions were selected for compar-
ison based on previous research (namely, the conditions that resulted in the worst and
best fatigue lifetimes): 0° build orientation and 38 J/mm? laser-energy density, 0° build
orientation and 62 J/mm? laser-energy density, and 60° build orientation and 62 J/mm?
laser-energy density. Differences in porosity were measured between each build condition.
In terms of microstructure, all three conditions exhibited a predominantly (001) texture
in the build direction, grains elongated in the build direction, and a sub-grain structure
oriented with the build direction that consisted of dislocation networks decorated with
nano-scale precipitates. Build orientation (0° versus 60° with respect to the build plate)
produced a difference in yield strength due to anisotropic grain morphology and effec-
tive grain size. The low laser-energy density specimens showed a significant decrease in
all mechanical properties compared to the high laser-energy density specimens because
the amount (6.91 % by volume) and size of the lack-of-fusion porosity (from insufficient
melting) surpassed a level at which microstructure (the grain and sub-grain structure)

no longer governs quasi-static mechanical properties. This work provides insight that
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could enable the tunability of structure-property relationships in as-built Inconel 718 by

optimizing laser-energy density and build orientation.

3.1 Introduction

Nickel-based superalloys have become increasingly popular in the aerospace, nuclear,
and marine industries [41,42]. Specifically, one nickel-based superalloy, Inconel, has be-
come an alloy of choice in many applications due in part to its ability to retain high strength
over a wide range of temperatures [43]. Inconel 718 (IN718), one of the most commonly
used Inconel alloys, is a Ni-Cr-Fe austenitic superalloy, which has excellent mechanical
properties especially at high temperatures and in corrosive environments [44]. A passi-
vating oxide layer is created during the heating of Inconel, which provides some thermal
insulation and corrosion resistance, leading to a maintained strength at high temperatures
[45]. IN718 consists of a y-fcc phase, known as the y-matrix, that is rich in Ni, Cr, and Fe
[46]. IN718 is also a precipitation-strengthened superalloy with the main strengthening
phases being the y’-fcc and y”-bct phases, which consist of Niz(Al Ti,Nb) and NizNb,
respectively. The y”-bct phase exhibits a higher degree of strengthening than the y’-fcc
phase, but the y”-bct phase metastability can lead to additional phases such as carbides,
0 precipitates, and Laves phases. Traditionally, IN718 has been used in wrought, cast,
and powder metallurgy applications with great success. However, the high hardness
and low thermal conductivity of IN718 make it difficult and costly to machine [48-50],
which leads to tool over-wear and poor surface integrity of the finished part [51]. Additive
manufacturing techniques, which can create near-net shaped parts, could be a solution to
some of the machining concerns associated with IN718.

Additive manufacturing (AM) has quickly become a popular tool in a variety of differ-
ent industries [2, 85, 86]. Some of the benefits of AM techniques over traditional manufac-
turing include the ability to achieve high accuracy in fine details, reduced manufacturing
time, and the ability to use a variety of metals and their alloys [4]. One of the most
commonly used AM processes is laser powder bed fusion (L-PBF!) [87,88]. In this method,

metal powder is first spread or rolled onto a build plate. A scanning laser is used to locally

Many of the works referenced throughout this manuscript use the terms selective laser melting (SLM) or
direct metal laser sintering (DMLS); however, to be consistent with ASTM standards, these terms have been
replaced by L-PBF in this manuscript.
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melt/fuse a thin layer of the metal powder. This is repeated layer-by-layer to create a
three-dimensional solid structure [4]. Although AM techniques address many concerns
and issues associated with machining IN718 [12], challenges still arise during the L-PBF
process, including variations in NbC fractions and porosity with respect to build height
[89].

There has been a large amount of research done investigating the porosity in L-PBF
metals (e.g., [23-25,90]). For example, it has been found that varying laser-energy density
leads to differences in the porosity and fatigue life of L-PBF IN718 [26]. Pores in AM
components are typically classified into three main categories: gas pores, keyhole pores,
and lack-of-fusion (LOF) pores [15]. While hot isostatic pressing (HIP) can significantly
decrease porosity in AM builds [68,91,92], HIP requires an application of high heat and
pressure, which may not be possible in certain situations, depending on the size of the
component or availability of such equipment in field applications.

The microstructure of IN718 manufactured by L-PBF also presents a challenge in deci-
phering processing-structure-property relationships. The typical microstructure of as-built
L-PBF IN718 consists of grains with an anisotropic morphology. However, there has been
little work investigating the variation of the as-built microstructure due to varying pro-
cessing parameters. Additionally, dendritic sub-grain structures that are slender and uni-
formly distributed have been observed in the microstructure. These sub-grain structures
have been shown to exist in metal alloys produced by laser-based manufacturing, and their
characteristics can vary depending on the applied laser-energy density [93, 94]. Moreover,
previous work has shown that for L-PBF stainless steels, the sub-grain structures showed a
strengthening effect [95,96]. While carbides and oxides reside along the sub-grain bound-
aries (mainly from Nb segregation during the L-PBF process) [97], the main strengthening
phases of IN718 (y’-fcc and y”-bct) are usually produced after appropriate heat treatment
and slow cooling [98,99]. However, when standard heat treatments are applied to L-PBF
IN718, unwanted phases can precipitate (the & phase in particular) and negatively impact
mechanical properties [47,100,101]. Also, traditional heat treatments tend to completely
erase the elongated grain morphology and the sub-grain structures. Recent research efforts
have focused on tailoring heat treatments to retain the sub-grain structures in AM IN718

[97] since the sub-grain structures in L-PBF IN718 exhibit a positive impact on creep re-



32

sistance [102]. Another example of maintaining elongated grain morphology includes the
work from Amato et al. [68], which showed that a specific HIP treatment of L-PBF IN718
still produced grains elongated in the build direction, plus a large amount of y” and y”.
Previous work by the authors showed that laser-energy density and build orientation
had a significant influence on the high-cycle fatigue life of as-built L-PBF IN718 [10]. How-
ever, there was no investigation into the influence of the laser-energy density and build
orientation on the variability of the three-dimensional pore structure and microstructure.
Therefore, build conditions were selected from the previous work [10] to investigate the
extreme cases of fatigue (i.e., the highest and lowest fatigue lifetimes) while considering
differences in laser-energy density and build orientation. The objective of this study is
to quantify the three-dimensional pore structure, microstructure, and quasi-static tensile
properties for three different build conditions selected among the previously tested con-
ditions [10]: 0° build orientation and 38 J/mm? laser-energy density (the absolute lowest
fatigue life), 0° build orientation and 62 J/mm? laser-energy density (the lowest fatigue
life for that specific laser-energy density and the highest fatigue life for that specific build
orientation), and 60° build orientation and 62 J/mm? laser-energy density (the absolute
greatest fatigue life). Although there have been previous investigations of microstructure
and pore structure in L-PBF IN718, few studies exist in the open literature that have investi-
gated the material in the as-built condition (without heat treatments or stress relieving) and
the corresponding variability of the pore structure, microstructure, and tensile properties.
However, the as-built condition of L-PBF IN718 is an important condition to study due to
potential applications, such as deployment of AM machines in the field, where it may not
be possible to perform heat treatments. Furthermore, the as-built condition contains two
potentially advantageous and unique microstructural features. First, there is a lack of the
deleterious 6 phase that is commonly found in the stress-relieved condition. Second, the
as-built condition contains a sub-grain structure that has been shown to benefit mechanical
behavior in other AM material systems, and this sub-grain structure is eliminated during
homogenization heat treatments. Thus, to better optimize AM parts for use in such appli-
cations, there is a need to better understand the relationships among laser-energy density,
build orientation, pore structure, microstructure, and tensile properties for the as-built

condition.
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3.2 Material and methods
3.2.1 Build parameters and tension testing
In this study, three build conditions were selected among 25 candidate build conditions
that were examined previously by the authors [10], in which ASTM E466-15 standard
fatigue specimens [66] were fabricated using a 3D Systems ProX DMP 320 machine and
IN718 powder. The entire build plate from the previous work is shown in Figure 3.1a.
The three build conditions were selected that resulted in the extreme cases of fatigue

life and also exhibited variability in the build orientation and laser-energy density. The

P

laser-energy density can be calculated by E, = _;,

where P is the laser power, v is the
scan speed, h is the hatch spacing, and ¢ is the layer thickness [67]. The values of the
laser power and scan speed of the three build conditions are provided in Table 3.1. Build
orientation is reported with respect to the build plate. The first build condition had a 0°
build orientation and a 38 J/mm? laser-energy density. The second build condition had a
0° build orientation and a 62 J/mm?3. The final build condition had a 60° build orientation
and a 62 J/mm? laser-energy density. For all three conditions, the layer thickness (30 pm)
and hatch spacing (100 ym) were held constant using standard values.

Grip sections of nine specimens, which were tested in the previous work [10], were
used in this study. Each grip section was thinned from 3.18 mm to 1 mm (Figure 3.1c)
using wire electrical discharge machining (wire-EDM). Four tensile specimens were ex-
cised from each of the 1 mm-thick wafers using wire-EDM (target dimensions provided in
Figure 3.1d). Twelve tensile specimens were extracted for each build condition (36 total).
However, four specimens were lost from the third build condition due to non-optimized
settings on the first attempt with the wire-EDM process, so a total of 32 tensile specimens
were available for this study. The tensile specimens were loaded to failure in uniaxial
tension at a strain rate of 1 x 10 s'l. The linear portion of the stress-strain curve was fit
in accordance with ASTM E3076-18 [103] to calculate Young’s modulus. The other tensile
properties (yield strength, ultimate tensile strength, uniform elongation, and elongation
at fracture) were found according to practices recommended in ASTM E8-16a [104]. An
analysis of variance (ANOVA) was completed with InStat software and used to test the
null hypotheses that the tensile properties were equal across the three build conditions;

significance is defined as p < 0.01.
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3.2.2 X-ray computed tomography and electron microscopy

Prior to tensile testing, one specimen from each build condition was analyzed in the
gauge region to characterize potential differences in the three-dimensional pore structures.
A Zeiss Xradia Versa 520 X-ray computed tomography (CT) machine (160 kV, 10 W, 1 ym
voxel size) was used to measure the pore structure. The X-ray CT allowed for a visual
reconstruction and quantification of the pore structures. The Image] (FIJI) 3D Objects
Counter was used to quantify the pore sizes and morphologies from the image stacks
obtained by X-ray CT [105]. Currently, in AM processes, there are three main classifications
of pores: gas pores, lack-of-fusion (LOF) pores, and keyhole pores [15]. The pores in this
study were classified by aspect ratios, which is the ratio of the minor axis to the major axis
of the best fitting ellipse of the pore. The pores were classified as either a gas pore (aspect
ratio greater than 0.5) or a LOF pore (aspect ratio less than or equal to 0.5). There is a
threshold of laser-energy density, which is typically higher than the optimal laser-energy
density, above which an increase in keyhole porosity results [18,20]. In the current work,
the laser-energy density for the three build conditions likely does not surpass this thresh-
old, so no classification of keyhole porosity was performed. Additionally, an equivalent
spherical diameter was determined by calculating the diameter of a sphere of equivalent
volume of the pore. Finally, a relative, volumetric density of the specimen was calculated
using the total volume of the CT scan and the total volume of the pores.

A specimen from each build condition was sectioned in three orthogonal directions
(with respect to the loading direction), ground with SiC paper (400 grit through 1200
grit), polished with suspensions of 3 ym and 1 ym diamond particles, and finished with
a vibratory polish using 50 nm colloidal silica. Backscattered electron (BSE) images were
acquired using a field-emission scanning electron microscope (FE-SEM) at 20 kV, 60 ym
aperture, and a 7.8 mm working distance. Electron backscatter diffraction (EBSD) mea-
surements were conducted in an FE-SEM (20 kV, 120 um aperture, 7.8 nA probe current,
and 19.0 mm working distance) using a 0.50 um step size. EBSD measurements were
cleaned with standard practices in the TSL OIM Analysis software (v7) to remove points
with a low confidence index (primarily occurring in the lack-of-fusion regions). Energy
dispersive spectroscopy (EDS) line scans were carried out in an FE-SEM with a 1 nm

step size and a 6 kV accelerating voltage to minimize interaction volume but maintain
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sufficient excitation energy. Following mechanical testing, fractography was performed
using a thermionic emission SEM (20 kV and a 19 mm working distance) and a secondary

electron (SE) detector.

3.3 Results
3.3.1 Characterization of as-received material

X-ray CT was used to quantify differences in porosity among the three build conditions.
Visual reconstructions of the pore structure are shown in Figure 3.2a-c. The reconstructions
capture only the gas porosity (i.e., the small, spherical pores) and the LOF porosity (i.e., the
large, non-spherical pores). The LOF pores were defined as those having an aspect ratio
of less than 0.5, which indicates non-sphericity. The remaining pores, which were more
spherical, were classified as gas pores. Quantifying both the gas porosity and the LOF
porosity using equivalent spherical diameter allows for the relative frequency with respect
to pore size to be compared in Figure 3.2d. The specimen built at 0° orientation with a
38 J/mm? laser-energy density contained significantly more porosity than the other two
build conditions. This porosity was dominated by LOF pores. Additionally, the specimen
built at 0° orientation with a 62 J/mm? laser-energy density had more LOF porosity than
the specimen built at 60° orientation with the same laser-energy density (62 J/ mm?3). As
shown in the pore-frequency plot in Figure 3.2d, all three build conditions exhibited similar
frequency of pore sizes for pores classified as gas porosity. In all three build conditions, the
spherical gas porosity constitutes less than 0.3% of the entire sample volume (Table 3.2).
Additionally, the LOF porosity for the first build condition (0° and 38 J/mm?) comprises
a small number of very large sized pores (greater than 75 ym in diameter). Although the
X-ray CT visual reconstructions of porosity show a large amount of porosity, the two build
conditions manufactured with the high laser-energy density (62 ]/ mm?), but with different
build orientations (0° and 60°), have a high relative part density: 99.77% and 99.93%,
respectively. In contrast, the relative part density of the build condition manufactured
with the low laser-energy density (38 J/mm?) was 93.09%, where LOF porosity comprises
a majority of the porosity (6.62%).

EBSD was used to quantify differences in effective grain sizes, grain morphologies,

and crystal orientations among the three build conditions. To achieve this, a large area
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EBSD map was acquired in three orthogonal planes (with respect to tensile direction)
for each build condition. The inverse pole figure (IPF) maps (Figure 3.3) were carefully
analyzed so that each orthogonal view shows poles (plane normals in a given grain) ro-
tated in reference to a common direction (the build direction). Figures 3.3a, b, and i show
both the direction of hatch filling and the width of the laser passes from the manufactur-
ing process (see dashed arrows in 3.3b). In the 0° and 38 J/mm? build condition, EBSD
measurements revealed smaller grain structures compared to the 0° and 62 J/mm? build
condition. Additionally, the hatching is more pronounced in the high laser-energy density
(62 J/mm?) build condition (Figure 3.3b) compared to the low laser-energy density (38
J/mm?) build condition (Figure 3.3a). Figures 3.3c, g, and h show the melt-pool geometry
and microstructure perpendicular to the build direction for all build conditions. In general,
a characteristic feature observed in the microstructure for all three build conditions was the
grain morphology. Specifically, most grains appeared elongated in a trajectory parallel to
the build direction. In the analysis software, texture maps (intensities displayed on inverse
pole figures) were computed using a harmonic series expansion and a triclinic sample
symmetry (no sample symmetry), as opposed to an orthotropic sample symmetry (like
a rolled sheet), so as to not compute erroneous symmetry assumptions. All three build
conditions exhibited a similar texture (i.e., the (001) pole orientations were aligned with
the build direction), which is shown in Figure 3.4. However, the maximum intensity of the
0° and 38 J/mm?3 build condition (1.61) was less than the maximum intensities of the other
two build conditions (2.01 for the 0° and 62 J/mm? build condition and 2.35 for the 60°
and 62 J/mm? build condition).

Large black regions shown in Figures 3.3a, d and g are areas with a near-zero confidence
index and correspond directly with the location of both gas pores and LOF pores (large
LOF pores are most prevalent in the 0° and 38 J/ mm? build condition). The LOF pores
were observed in the other two build conditions as well, but to a lesser extent in terms of
both size and frequency. A characteristic feature observed around most LOF pores was
the presence of small grains. The 0° and 38 J/mm? build condition exhibited the smallest
effective grain size (width of grains in the direction of tension) of the three build conditions;
whereas, the 60° and 62 ]/ mm? build condition had the largest.

In addition to the grain morphology, which was elongated in the build direction, the L-
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PBF IN718 microstructure contained a sub-grain structure with apparent growth directions
parallel to the building direction (see arrows in Figure 3.5a) and appeared as columnar
sub-grains. The sub-grain growth appears cellular in nature (Figure 3.5b) when viewed in a
direction parallel to the build direction. The columnar and cellular sub-grain structure are
the same structure viewed in different orientations (i.e., a cylindrical structure in three di-
mensions). The spacing of the sub-grain structure was measured using a method where the
number of sub-grain structures was counted per 5 or 10 um line segments. The number of
sub-grains per um was then converted to a spacing value representing the average spacing
between sub-grain structures and compared among the three build conditions. The first,
second, and third build conditions showed an average spacing of 0.34, 0.69, and 0.5 um,
respectively. Additionally, the BSE images clearly highlight a distinct melt-pool boundary;,
shown in Figure 3.5c. Growth of the sub-grains from the melt-pool boundary is well
distinguished. Figure 3.6d provides a high magnification view of the sub-grain structure
and reveals cells/walls of dislocations, which are decorated with secondary nano-scale
precipitates. To determine the elemental composition of those precipitates, EDS line scans
were performed at high magnification. Figure 3.6a shows a BSE image from which a line
scan was acquired, and Figure 3.6b shows the X-ray intensity corresponding to Fe, Nb, Cr,
Mo, and Ni. The secondary precipitates are enriched in Nb and Mo and depleted in Ni, Cr,
and Fe. No differences in particle morphologies were observed among the three as-built

conditions.

3.3.2 Tensile properties

All measured engineering stress-strain curves are shown in Figure 3.7a, b, and c¢ for
the three build conditions. The first build condition (0° and 38 J/mm?3) exhibited the
lowest tensile strength and lowest elongation. This build condition had an average yield
strength (YS) of 639 MPa + 10 MPa, which is approximately 18% lower than the other build
conditions. Additionally, the ultimate tensile strength (UTS) of this build condition (774
MPa =+ 22 MPa) was approximately 28% lower than the other two build conditions (1081
MPa =+ 23 MPa and 1070 MPa =+ 34 MPa, respectively). The Young’s modulus of the second
and third build conditions (0° and 60° oriented parts manufactured with a laser-energy

density of 62 ]/mm?®) was approximately 195 GPa; whereas, the Young’s modulus for the
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0° and 38 ]/ mm? build condition was 150 GPa + 22 MPa. A summary of the YS, UTS,
uniform elongation (UE) and total elongation (TE) is shown in Figure 3.7d and e. The
average UE (0.05 4 0.007) and TE (0.06 + 0.012) of the 0° and 38 J/mm? build orientation
were approximately 77% lower than the UE (0.22 £ 0.013 and 0.21 £ 0.034) and TE (0.29 +
0.027 and 0.28 + 0.085) of the second and third build conditions. No significant difference
was found when comparing the UTS, UE, and TE of the 0° and 62 ]/ mm? and the 60° and
62 J/mm? build conditions, but a significant difference in YS was measured between the
two. Finally, the YS, UTS, and Young’s modulus for the second and third build conditions
are comparable to that of wrought IN718 (Table 3.3). The ANOVA results showed that
between the first build condition (0° and 38 J/mm?) and the second build condition (0° and
62 J/mm?), there were statistically significant differences in YS, UTS, Young’s modulus,
UE, and TE (all p < 0.001). The ANOVA between the first build condition and third build
condition (60° and 62 J/mm?) showed similar differences observed between the first and
second build conditions. Additionally, the comparison between the second and third build

conditions showed only a statistically significant difference in YS (p < 0.05).

3.3.3 Fractography

The fracture surfaces from the 0° and 38 J/mm? build condition contained undulating
teatures (Figure 3.8a) due to a high amount of porosity, which is consistent with the high
amount of porosity observed in the X-ray CT measurements. Only small pores are visible
on the fracture surfaces of the build conditions manufactured with a high laser-energy
density (Figure 3.8b and c). The fracture surfaces of all three build conditions have regions
of ductile micro-void coalescence (Figure 3.8d) and signs of brittle failure near LOF pores
(Figure 3.8e). Sub-grain structures visible in BSE images of the microstructure were also

observed in the fracture surfaces (Figure 3.8f).

3.4 Discussion
3.4.1 Effects of laser-energy density
In the first two build conditions, build orientation was the same (0°), but the L-PBF
beam settings varied to study the effects of laser-energy density (38 ]/mm? and 62 J/mm?)

on the three-dimensional pore structure and microstructure. One effect from using the
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low laser-energy density (38 ]/mm?) in L-PBF is the formation of a large amount of LOF
pores. Results from X-ray CT in Section 3.3.1 show that the specimens manufactured with
the low laser-energy density (38 ]/ mm?) contained the higher amount of porosity (6.91%
of the analyzed volume) compared to the 62 J/mm? laser-energy density porosity (0.23%
of the analyze volume). Using optical microscopy, Moussaoui et al. [91] showed that
the porosity for L-PBF IN718 was approximately 0.8% and 0.48% for 40 J/mm? and 61.2
J/mm? laser-energy densities, respectively, indicating that for this range of laser-energy
density the porosity content decreases as laser-energy density increases (once the laser-
energy density is high enough to start forming keyhole pores, the porosity will begin to
increase). Fairly similar amounts of porosity were observed for the current work and
work from Moussaoui et al. [91] for the laser-energy density near 62 J/mm?. However,
the low laser energy density (i.e., near 38 J/mm?) showed large differences in porosity
(6.91% compared to 0.8%). Although Moussaoui et al. showed different amounts of
porosity for the two laser-energy densities, they performed a two-dimensional analysis of
the pore structure using optical microscopy (the current study used X-ray CT). Therefore,
a direct comparison between the two-dimensional analysis by Moussaoui et al. [91] and
the three-dimensional analysis in this work was difficult. It is likely that the 38 J/mm3
laser-energy density represents a lower bound on sufficient laser-energy density in terms
of proper melting parameters. In this work, most of the porosity in the low laser-energy
density build condition was characterized as LOF pores, which are formed due to an
insufficient melting of the powder particles [23,106]. Small and spherical pores were
also observed in all build conditions, which may originate from hollow powder particles
or keyhole collapse [21]. Even though a similar distribution of spherical pore sizes was
observed in all build conditions, the 0° and 38 J/mm? build condition contained nearly
twice the amount of spherical gas pores as the other two build conditions (Table 3.2).
The gas pores are typically attributed to the powder characteristics, which should remain
constant throughout the different build conditions in this work. However, due to the rough
classification method used (i.e., aspect ratio), some LOF pores likely were misclassified as
gas pores [107], causing differences in the represented gas porosity values.

The laser-energy density also influenced many aspects of the grain and sub-grain struc-

ture. The 38 J/mm? laser-energy density specimen contained the smallest effective grain
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sizes due to two mechanisms. First, around the LOF pores, a grain refinement was ob-
served, which is consistent with observations by Pei et al. [108] of clustered fine-grain
zones around pores. Pei et al. [108] concluded that the pores stopped the grain growth
due to disrupting the temperature gradient along the build direction. Second, the melt-
pool geometries visible in the microstructure (Figure 3.3) were smaller for the 38 J/mm3
laser-energy density (compared to the 62 J/mm? laser-energy density). Generally, a lower
laser-energy density produces less energy input, ultimately reducing the size of the melt-
pool [109]. Furthermore, on the plane normal to the build direction, the scan tracks can
be observed (Figure 3.3a and b). In both laser-energy densities, the width of the tracks is
approximately 100 um, which can be expected since hatch spacing for both parts was the
same (100 um). However, the scan tracks observed in the 38 J/mm? laser-energy density
appeared to have a much more irregular pattern (Figure 3.3a) indicative of a high melt-pool
instability, which shows a high fluctuation in melt-pool dynamics [110]. A strong texture
was observed for both laser-energy densities, such that the majority of (001)-oriented
grains aligned with the build direction.

Sub-grain structures were observed for both the 38 J/mm? and 62 J/mm? energy den-
sities. There was an average spacing of 0.34 um in the 38 J/mm? laser-energy density
specimens compared to 0.69 ym in the 62 J/mm? laser-energy density specimens. The
sub-grain structure consists of dislocation sub-structures that form when large amounts of
low-energy dislocations cluster [111] to form geometric boundaries that are necessary to
accommodate plastic strain [112] exerted by the manufacturing process. Tucho et al. [113]
showed that the number of the clustered dislocations is indicative of the amount of plastic
deformation created by extreme thermal histories (rapid solidification) in AM processes,
meaning a higher number of sub-grain structures, which correlates to a smaller sub-grain
spacing, indicates a greater amount of residual stress produced during the manufacturing
process. Bertoli et al. [114] showed that lower values of laser power at the same scan
speeds (i.e., lower laser-energy densities) had higher cooling rates in L-PBF titanium. The
low laser-energy density (38 J/mm?) specimens in this work showed the smallest spacing,
which indicates a higher number of sub-grains, likely experienced higher cooling rates
and a higher amount of residual stress as compared to the 62 J/mm? laser-energy density

specimens.
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Although the sub-grain spacing was different between the two laser energy densities,
the precipitates that decorated the sub-grain structures were similar in both morphology
and composition. Microsegregation of Nb to sub-grain boundaries has been reported for
AM IN718 [102,115] and IN718 Plus [116]. MC type carbides are rich in Nb and Mo
[117,118] and are commonly found in Inconel alloys near irregularly shaped Laves phase
particles [119,120]. While the 6 phase is also enriched in Nb and Mo, the 5 phase is always
characterized by a needle-like morphology [97]. Since none of the observed precipitates
had a needle-like morphology (whether on sub-grain boundaries or grain boundaries), it is
likely that the precipitates observed in all three as-built conditions are Laves phase mixed
with MC type carbides, which was shown to be prevalent in L-PBF IN718 [113, 121, 122].

The difference in laser-energy density produced statistically significant differences in
all measured tensile properties (Figure 3.7 and Table 3.3), most likely due to the large
amount of LOF pores and differences in thermal history. A comparison between fracture
surfaces of specimens produced with different laser-energy densities (Figure 3.8a and b)
shows the vast difference in the amount of LOF that contributed to premature failure
and a loss of ductility in the low laser-energy density condition. Since the cross-sectional
area was measured on the outside of the specimen, the engineering stress was likely un-
derestimated since the 6.91% (volumetric) internal porosity was not accounted for, but
this volume-averaged value does not completely account for the nearly 20% difference in
strength when comparing the same build orientation. It is likely that the worst case cross-
sectional area of porosity (11% in a two-dimensional slice), coupled with the smaller grain
size and higher sub-grain density, could account for the differences in tensile properties.
However, it is not possible to decouple the effects of the porosity, grain size, and sub-grain
density on the mechanical properties due to the dominating effects from the large and

numerous LOF pores.

3.4.2 Effects of build orientation given the same
laser-energy density

The second and third build conditions have the same laser-energy density (62 J/mm?)
and vary the build orientation: 0° and 60°, respectively. The X-ray CT results showed
that the 0° build condition contained 0.23% porosity (by volume), but only 0.07% porosity

(by volume) in the 60° build condition was gas porosity (Table 3.2). Although these two
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build conditions were manufactured with the same laser-energy density, the laser powers
and scan speeds were different (Table 3.1). The build condition at 0° orientation had a
faster scan speed (1770 mm/s) than the 60° orientation (1180 mm/s). Aboulkhair et al.
[123] showed that in L-PBF aluminum, faster laser scan speeds produce significantly more
LOF pores for the same value of laser power. In the current work, there is an increase
in laser scan speed and laser power equalling the same laser-energy density. Kamath et
al. [25] showed that an increase in laser scan speed had a larger influence on the porosity
than laser power because the higher laser scan speed did not provide a sufficient amount
of penetrating energy into the powder-bed system to completely melt the powder. This
insufficient energy penetration led to a higher amount of porosity. Therefore, the difference
in LOF porosity between the two build conditions at the same laser-energy density can be
attributed to the different laser scan speeds.

When comparing effective grain sizes of the second and third build conditions (0° and
60°), the third build condition had a larger effective grain size based on line-intercept
measurements along the loading direction. Visualizing the gas-recoater and build-recoater
planes (see Figure 3.3e and Figure 3.3f) provides insight to explain the slight differences
in effective grain size with respect to the loading direction. The average grain widths,
measured over a 1 mm x 1 mm area in the gas-recoater plane using a line-intercept method
along the loading direction, are 9.4 ym and 13.2 um for the 0° and 60° build orientations,
respectively. Higher magnification views are shown in Figure 3.3b and Figure 3.3c. As
shown in this work and previous work (e.g., [68,94,95,99]), the grains in as-built AM
microstructures are elongated in the build direction. The specimens built at 60° had grains
slightly elongated towards the build direction, causing larger effective grains measured
with respect to the loading direction. The crystallographic texture for both of these build
conditions was similar, and further analysis of the Schmid factors in each build orien-
tation (with respect to tensile direction) indicated that the averages were approximately
the same, indicating that effective grain size was the main difference in microstructure.
Differences of sub-grain spacing existed for the two different build orientations (0° and
60°) at the same laser-energy density (62 ]/mm?3). The average sub-grain spacing was
0.69 and 0.50 um for the 0° and 60° specimens, respectively. As previously shown [113],

a smaller sub-grain spacing indicates a greater amount of residual stress induced by the
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manufacturing process. Therefore, this difference in sub-grain spacing indicates that the
amount of residual stress due to the manufacturing process in the 60° specimens was
slightly greater than that in the 0° specimens. Deng et al. [124] attributed differences
in the amount of residual stress in specimens built at the same laser-energy density to
differences in the build orientation of specimens. In the current work, the 60° specimens
had less overlap and remelting of previous layers due to the orientation in which they were
built. There has also been evidence in the literature showing that the remelting of previous
layers can lead to a reduction in accumulated strains, effectively acting as a stress relieving
process [125-127]. Therefore, it can be postulated that the increased remelting of previous
layers in the 0° specimens decreased the amount of residual stress (compared to the 60°
specimens) and ultimately led to a larger sub-grain spacing. Additionally, the precipitates
that decorate the sub-grain structures were similar in both morphology and composition
for the two build orientations (0° and 60°).

The effects of build orientation on the tensile properties were less drastic than the
effects from using a non-optimized laser-energy density. The ANOVA between the two
build conditions produced no statistically significant difference in the UTS, UE, TE, and
Young’s modulus. The minor differences in porosity (attributed to the change in scan
speed) did not have a statistically significant effect on the tensile properties. However,
there was a statistically significant difference between the yield strengths of the two build
orientations but same laser-energy density. The 60° build orientation exhibited a slightly
lower yield strength than the 0° build orientation. The smaller effective grain sizes in the 0°
build orientation, with respect to the loading direction, would lead to a shorter dislocation
mean free path and thus a higher yield strength according to the Hall-Petch effect [128].
Additionally, the standard deviations for the tensile properties were much larger for the
60° build orientation compared to the 0° build orientation. In the 60° build orientation
specimens, there was a variation in build height (i.e., specimens taken from the bottom
and top grip region); whereas, the specimens from the 0° build orientation were taken
from nominally the same build height. Previous research has shown that build height has
an effect, albeit sometimes small, on the mechanical properties in L-PBF metals [129-132]

due to variations in grain structures.
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3.4.3 Relationship to previous work on high-cycle fatigue life

The previous fatigue work by the authors [10] investigated the relationships between
AM build conditions, surface roughness, and high-cycle fatigue life for as-built L-PBF
IN718. However, no pre-mortem investigation into the material structures was performed.
To better understand the full processing-structure-property relationships for as-built L-
PBF IN718, this work focused on investigating the microstructure (grain and sub-grain
structures) and internal porosity. The relationships among the laser-energy density, build
orientation, three-dimensional pore structure, grain structure, sub-grain structure, and
quasi-static tensile properties were studied. As previously mentioned, this work used
three build conditions that resulted in the extreme cases of fatigue life, while exhibiting
variability in the laser-energy density and build orientation.

From the previous work [10], the differences in laser-energy density at the same build
orientation showed a large difference in high-cycle fatigue life (10,755 cycles and 60,919
cycles, on average, for the 38 J/ mm? and 62 J/mm? laser-energy densities, respectively,
and 0° build orientation). The fatigue work showed that there was no significant differ-
ence between surface roughness values, for the aforementioned build conditions, so the
difference in fatigue life was mainly attributed to internal porosity differences, which was
supported by fractographic analysis of the fatigue failure surfaces. The current work quan-
tified, comprehensively and in three dimensions, the difference in porosity and showed
that the porosity had a large effect on the quasi-static tensile properties. The 38 J/mm3
laser-energy density specimen exhibited roughly 6.91% porosity while also having the
lowest quasi-static tensile properties; the findings confirm that the porosity plays a key
role in the fatigue life. However, other factors were likely to have influenced the observed
differences in fatigue life. Fatigue life can be sensitive to residual stresses, and the current
work demonstrates that the differences in sub-grain spacing could indicate a difference in
the residual stress caused by differences in the laser processing parameters (i.e., the laser-
energy density). In other words, although the internal porosity dominates the observed
differences in fatigue life, given the same surface roughness, the differences in residual
stress likely had an influence as well. Additionally, when comparing the different build
orientations (0° and 60° at 62 J/mm?3 laser-energy density), the previous work showed a

significant difference in high-cycle fatigue life (60,919 cycles and 172,497 cycles, on average,
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respectively). Results from the fatigue study showed that the difference in fatigue life
for the aforementioned build condition was primarily driven by the differences in the
surface roughness and identified no differences in porosity. However, the current work
showed slight differences in porosity between the two different build orientations. The
only significant difference in quasi-static tensile properties between the different build
orientations, given the same laser-energy density, was the yield strength. Therefore, the
differences in porosity (0.23% and 0.07%, respectively) generally did not influence the
quasi-static properties but may have still had an influence on the high-cycle fatigue life
since fatigue life has been shown to be sensitive to small changes in porosity, specifically
in AM metals [26,133-135]. Similarly to the observed difference in the sub-grain struc-
ture between the different laser-energy densities (but same build orientation), there was
also a difference in sub-grain spacing between the two build orientations with a fixed
laser-energy density. This indicates a difference in residual stresses causes a difference
in the high-cycle fatigue life. The first build condition consisted of the smallest spacing
of sub-grain structures resulting from the highest amount of residual stress. The first
build condition also correlates with the lowest high-cycle fatigue life among the three build

conditions.

3.5 Conclusions
In this study, the influence of the build orientation and laser-energy density on the
three-dimensional pore structure, microstructure, and the corresponding quasi-static ten-
sile properties was investigated for as-built L-PBF IN718. Based on the experimental

results, the following conclusions are made:

1. The variation of the three-dimensional pore structure was predominantly controlled
by the laser-energy density. At the low laser-energy density (38 J/mm?), the ap-
plied energy was insufficient to fully melt the powder, which led to an increase in
lack-of-fusion pores compared to the 62 J/ mm? laser-energy density. The first build
condition (0° and 38 J/mm?) had a 93.09% relative density (6.91% porosity by total
volume) compared to 99.77% for the 0° and 62 J/mm? build condition. The relative

volumetric density for the 60° and 62 J/mm? build condition was 99.93%.

2. The grain structure was influenced by both the laser-energy density and the build
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orientation. The effective grain size was smaller in the 38 J/mm? build condition
compared to the 62 ]/mm?. This was due to an observed grain refinement around the
lack-of-fusion pores as well as a smaller melt pool geometry. A similar texture was
observed for both the 38 and 62 J/mm? laser-energy densities (both manufactured
at a 0° build orientation). The effective grain sizes, based on a line intercept method
used to measure the average grain width in the loading direction, were different be-
tween the two build orientations (manufactured with the same laser-energy density)
since grains were elongated in the build direction causing a statistically significant

difference in the yield strength.

. Sub-grain structures were observed in the three build conditions that consist of dis-
location sub-structures formed when large amounts of low-energy dislocations clus-
tered to form geometric boundaries. A decrease in the spacing of these sub-grains
can indicate a higher amount of residual stress caused by higher cooling rates during
the manufacturing process. The first build condition (0° and 38 J/mm?) contained
the smallest sub-grain spacing (0.34 um) and the second build condition (0° and
62 J/mm?) contained the largest sub-grain spacing (0.69 ym). From the sub-grain
spacing, the first build condition likely contains the highest amount of residual stress
caused by the L-PBF process, and the second build condition contained the lowest

amount.

. The significant reduction in the yield strength and ultimate tensile strength for the 38
J/mm? build condition, as compared to the 62 ]/ mm? build condition, was attributed
to the lack-of-fusion porosity. Although the microstructure differences have an effect
on the mechanical properties, the individual effects cannot be decoupled due to the
dominant influence of the porosity on the properties. The only significant difference
in mechanical properties between the 0°- and 60°-oriented specimens was in the yield
strength. The effective grain size in the 60° build specimens was slightly larger than
in the 0° build specimens, which decreased the yield strength due to the longer mean

free path for dislocation motion.

. In all three build conditions, precipitates were observed at the end of the dislocation

walls that are referred to as the sub-grain structures. These precipitates had a high
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amount of Nb and Mo, which are consistent with MC type carbides and Laves phase
particles. Since all three build conditions were investigated in the as-built (non-heat-

treated) condition, no other phases or precipitates were observed.

6. In L-PBF Inconel, the mechanical properties are influenced by the pore structure
(which includes both gas porosity and lack-of-fusion porosity), and by the microstruc-
ture (which includes the grain size and morphology, the crystallographic texture,
the sub-grain structure, and the precipitates/secondary phases). However, in un-
optimized laser-energy density builds, the pore structure dominates the mechanical
properties. Therefore, to best optimize the mechanical properties for L-PBF IN718, it

is recommended to minimize the porosity through laser-energy density control.

Table 3.1. L-PBF IN718 processing parameters for the three build conditions.

Build Laser power Scanspeed Layer thickness Build orientation Laser-energy density
condition W) (mm/s) (um) ©) (J/mm3)
1 168 1475 30 0 38
2 330 1770 30 0 62
3 220 1180 30 60 62

Table 3.2. Porosity values (% by volume for a given part) for each build condition showing
the relative density, the gas porosity, and the lack-of-fusion porosity.

Build Build orientation Laser-energy density Relative density Gas porosity Lack-of-fusion porosity
Condition ©) (J/mm3) (%) (%) (%)
1 0 38 93.09 0.29 6.62
2 0 62 99.77 0.11 0.12
3 60 62 99.93 0.06 0.01

Table 3.3. The average yield strength, ultimate tensile strength, Young’s modulus, uniform
elongation, and total elongation of all three build conditions for L-PBF IN718 (with one
standard deviation). References are provided for the wrought condition.

Build Build orientation Laser-energy density | Yield strength UTS Young’s modulus Uniform elongation Total elongation
condition ° J/mm? MPa MPa GPa - -
1 0 38 639 (10) 774 (22) 151 (22) 0.05 (0.007) 0.06 (0.012)
2 0 62 798 (27) 1081 (23) 195 (17) 0.22 (0.013) 0.29 (0.027)
3 60 62 772 (15) 1070 (34) 194 (26) 0.21 (0.034) 0.28 (0.085)

n/a Wrought 800-1100 [68,69]  1200-1400 [52] 208 [52] n/a 0.32 [80]
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Figure 3.1. Reuse of fatigue specimens from a previous study [10] to perform detailed
materials characterization and miniaturized tensile testing in the current study. a) All
as-built IN718 fatigue specimens on the build plate prior to removal (from [10]); the nine
specimens used in the current study are highlighted (refer to electronic version for color
distinction). b) Target dimensions for the fatigue specimens in accordance with ASTM
E466-15. c) The thinned grip region of the fatigue specimens, from which the tensile
specimens are excised. d) The tensile specimen target dimensions.
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a) 0° and 38 J/mm3 b) 0° and 62 J/mm3 C) 60° and 62 J/mm?3
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Figure 3.2. X-ray CT reconstruction of porosity (the tensile direction is vertical) for the
following build conditions: a) 0° build orientation and 38 J/mm? laser-energy density,
b) 0° build orientation and 62 J/mm3 laser-energy density, and c) 60° build orientation
and 62 J/mm?3 laser-energy density. d) Frequency of porosity by equivalent spherical pore
diameter per build condition showing both gas porosity and lack-of-fusion porosity.
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Figure 3.3. EBSD reconstruction of inverse pole figure maps for planes parallel and normal
to the tensile direction (TD) for three different build conditions: a,g) 0° and 38 ] /mm?; b,h)
0° and 62 J/mm?; and ¢,i) 60° and 62 J/mm?3, where BD stands for build direction. Inverse
pole figure maps for all three orthogonal planes shown with respect to gas flow, recoater,
build, and tensile directions: d) 0° and 38 J/mm?3, e) 0° and 62 J/mm?, f) 60° and 62 ] /mm?.
All inverse pole figure maps are plotted with respect to the BD.
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a)0°and 38 J/mm3 b)0°and 62 )/mm3 C)60° and 62 J/mm3
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Figure 3.4. The texture heatmaps (harmonic series expansion of grain orientations) for the
three different build conditions.

Figure 3.5. BSE images showing the sub-grain structures with apparent growth parallel
to the build direction for a) the 0° and 38 J/mm? build condition, b) the 0° and 62 J/mm?
build condition, and c) the 60° and 62 J/mm? build condition.
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Figure 3.6. BSE images showing the precipitates located on the cellular dislocation struc-
tures: a) first build condition (0° and 38 J/mm?), b) second build condition (0° and 62
J/mm?), and third build condition (60° and 62 J/mm?). EDS line scans (elemental counts
from L-« lines) of Ni, Fe, Cr, Nb, and Mo, along the direction of the white arrow shown in
(d), (e), and (f) for the three build conditions, respectively.
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a)0° and 38 J/mm3 b)0° and 62 J/mm3 C)60° and 62 J/mm3
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Figure 3.7. Engineering stress-strain curves for a) the first build condition (0° and 38
J/mm?3), b) the second build condition (0° and 62 J]/mm?), and c) the third build condition
(60° and 62 J/mm?). d) Summary of the average yield strength and ultimate strength for
the three build conditions. e) Summary of the average uniform and total elongation for the
three build conditions. Error bars indicate one standard deviation and NS stands for not
significant (p < .05).
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Figure 3.8. Representative SEM images of the fracture surfaces for the following build
conditions: a) 0° and 38 J/mm?, b) 0° and 62 J/mm?, and c) 60° and 62 J/mm3. A
representative SEM image of d) micro-void coalescence and gas porosity, e) cleavage-like
fracture near LOF porosity, and f) the sub-grain structure observed on the fracture surfaces
in the rupture zone of the 0° and 62 ]/ mm? build condition.



CHAPTER 4

A MODIFIED VOID DESCRIPTOR FUNCTION
TO UNIQUELY CHARACTERIZE THE PORE
NETWORKS AND PREDICT FRACTURE
LOCATION IN ADDITIVELY
MANUFACTURED METALS

As shown in previous chapters, variations in the additive manufacturing (AM) process-
ing parameters can lead to variations in porosity, making it challenging to predict pore-
sensitive mechanical response in AM metals. A recently developed pore metric, the void
descriptor function (VDF)—which accounts for pore locations, sizes (assuming spherical
pores), and distances to the nearest free surface—was shown to improve the predictive
capabilities of fracture location in ductile porous metals as compared to predictions based
on cross-section area reduction and maximum pore size. This work expands upon the
original VDF by incorporating terms to account for non-spherical pore shapes and pore-
pore interactions. The modified VDF is then evaluated against 120 computational fracture
simulations of laser powder bed fused (L-PBF) 17-4 PH stainless steel tensile specimens
and six mesoscale tensile specimens machined from L-PBF IN718. For the simulations,
the modified VDF accurately predicts fracture location (within £5% tolerance) for 5.5%
more specimens compared to predictions based on the original VDF and 65.5% more
specimens compared to predictions based on the maximum cross-sectional area reduction.
In the experimental data set, the modified VDF accurately predicts the location of fracture
(within £5% tolerance) in four out of six specimens compared to two out of six accurate
predictions using the original VDF, maximum cross-section area reduction, or largest pore.
Furthermore, the maximum VDF shows strong correlations with post-yield mechanical
properties, suggesting that it could serve as a promising metric to assist with property

predictions in AM metals.
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4.1 Introduction

Metal additive manufacturing (AM) has become a popular and vital tool in a variety
of different industries [2,85,86]. There are many benefits of AM techniques over tradi-
tional manufacturing including the ability to achieve high accuracy in fine details, reduced
manufacturing time, geometric flexibility, and the ability to use a variety of metals and
their alloys [4]. There has been a significant amount of work investigating the relationship
among the microstructure and tensile properties in AM metals, which vary widely from
under-performing to over-performing when mechanical properties are compared against
wrought or cast metals [13,32-36]. However, recent works have begun to acknowledge
the significance that defects in general, and porosity in particular, plays in the mechanical
response in AM metals [10, 12-14]. The complexity of porosity can in part be attributed
to the different types of pores that exist in AM metals: gas pores, keyhole pores, and
lack-of-fusion pores [15]. These different types of pores have variable mechanisms of
evolution as well as variability in their respective impact on the mechanical response
[20,23-29]. For example, Hilaire et al. [30] showed that lack-of-fusion pores (irregularly
shaped) created localized stress concentrations and promoted the initiation of sharp cracks
more significantly than spherical (gas and keyhole) pores. Pores have also been shown to
be one of the main drivers in poor fatigue performance in AM metals [10,26]. Many of
these works highlight the importance of understanding the unique evolution of porosity
and its corresponding impact on fracture in AM metals.

In ductile metals specifically, one of the most important failure mechanisms is pore co-
alescence and growth, further highlighting the importance of porosity [11]. Many models
have been developed attempting to understand the impact of pores on the mechanical re-
sponse in metals [136-140]. However, most of these models make many assumptions when
predicting the mechanical properties. One important assumption these models make is
that pore networks are homogeneous. Since true pore networks are likely inhomogeneous,
especially in AM metals, these models are unable to properly predict the mechanical re-
sponse. However, with the emergence of high-resolution X-ray computed tomography
(CT), the measurement of the exact size, shape, and location of individual pores have made
modeling the impact of inhomogeneous pore networks on mechanical properties feasible.

Recently, an advanced multiscale model method was proposed to capture the impact of
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inhomogeneous distributions of pores upon fatigue and fracture behaviour [141]; while it
captures pore size, shape, and location exactly using images of pores from CT, the model
is computation expensive and requires a highly skilled operator to effective use. To avoid
the complexity of directly modeling pores, improved pore metrics have been developed
as a way of characterizing complex pore networks and using these metrics to predict the
mechanical response [142]. In one example, Du Plessis et al. [143] showed that for cast
Ti-6Al-4V tensile specimens, the fracture location could be predicted with high accuracy
using the location of the largest measured pore. These new ways of characterizing pore
networks and using them to predict the mechanical response are also being used in AM
metals. Madison et al. [144] characterized AM specimens using some of these common
pore metrics and attempted to correlate them to the mechanical response. They showed
that common pore metrics, such as maximum reduction of cross-sectional area, total pore
volume, maximum pore volume, and the number of pores, had no strong correlation
with the tensile properties. This lack of correlation indicates that either other factors
besides porosity play a key role in the fracture of AM metals, or that the current pore
metrics inadequately characterize the pore networks at least for the purposes of predicting
mechanical response.

One significant advancement to the characterization of pore networks was presented
by Erickson et al. [145]. In this work, a new pore metric was derived, aptly named the
void descriptor function (VDF), to uniquely characterize pore networks in metals. The
VDF metric was derived to account for pore clustering (relative to a location along the
gauge length), pore sizes, and pore locations relative to the nearest free surface of the
specimen. Erickson et al. [145] then compared the predictive capability of the VDF to
commonly used pore metrics to predict fracture location for 120 simulated fracture tests.
They were able to show that the maximum value of the VDF accurately predicted fracture
(within &5 % of the total gauge length) in 91 out of 120 (76.0 %) specimens. In comparison,
they showed that the location of the maximum reduction of cross-sectional area was only
able to predict the fracture location (£5 %) in 58 of the 120 (48.0 %) specimens and the
location of the largest pore was only able to predict the fracture location (£5 %) in 59 of
the 120 (49.0 %) specimens. Additionally, Erickson et al. [145] showed strong correlations

between their maximum VDF value and post-yielding mechanical properties. Although
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the VDF derived by Erickson et al. [145] demonstrated significant improvement compared
to previous pore-related metrics, the derivation makes certain assumptions that limit the
use of the VDEF. For example, the VDF does not account for non-spherical pore shapes and
pore-pore interactions, which have both been shown to have significant impact on fracture
behavior in AM metals [30, 146].

In the presented work, there are two main objectives. The first objective is to extend
the formulation of the previously proposed VDF presented by Erickson et al. [145] to
include the impact of non-spherical pores and pore-pore interactions. Using the numerical
data provided by Erickson et al. [145], the fracture-location prediction capability of the
modified VDF is compared to those of the original VDF and common pore-related metrics.
The second objective is to experimentally evaluate and assess the modified VDF on a set
of IN718 mesoscale tensile specimens manufactured by laser powder bed fusion (L-PBF),

thereby extending the test cases beyond the simulated data set presented by Erickson.

4.2 Modification of void descriptor function
Erickson et al. [145] derived the void descriptor function (VDF) to characterize pore
networks in ductile metals and potentially serve as an indicator for fracture location and
parameter to predict post-yielding mechanical properties. The original VDF derivation by
Erickson et al. is inspired by a Laplace radial distribution function used in the work of von
Lilienfeld et al. [147] and effectively combines fraction porosity, pore position along the
axial direction (clustering), and pore distance to nearest free surface into a single metric,

expressed as:

" vie
VDF(zye, P) = ) = (4.1)
i=1 gauge

where z,,¢ is a given reference point along the axial direction of the specimen (assumed to
be the z direction!) and P is an array of pore attributes consisting of the individual pore
volume (v;), pore diameter (D;), and pore centroid (x;,y;,z;) for all n pores in the specimen.
The length of the gauge section is L, the total volume of the gauge region is Vgu,qe, and the
maximum distance from the centroid of the specimen cross section to the free surface is ¢

(depicted in Figure 4.1b). In Eqn. 4.1, S; (depicted in Figure 4.1a) represents the distance

IThe original formulation expresses VDF as a function of x,, + because of the assumed alignment of the
longitudinal axis with the x direction.
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from the reference position, z,, £, to the centroid of the i pore, measured along the axial

direction:

, (4.2)

Si = |zi — Zyes

and r; is the distance from the farthest edge of the pore to the centroid of the specimen

cross section, illustrated in Figure 4.1b and calculated as follows:

D.
= \/x12+y12+71. (4.3)

In Eqn. 4.1, the term f—i accounts for pore clustering along the axial direction of the gauge
section, and « is a weighting parameter that controls the relative influence of a given pore
based on its axial position with respect to the point of reference. The term % accounts
for pore proximity to free surfaces, where p is a weighting parameter that controls the
relative influence of a given pore based on its position relative to the free surface of the
specimen. Erickson et al. [145] performed a Bayesian optimization to find the optimal
fitting parameters (« and p) for weighing both aspects of the VDF formulation. They found
the optimized values for « and p to be 0.220 and 0.188, respectively. The reader is referred
to Ref. [145] for the complete derivation of the original VDFE.

The original VDF formulation by Erickson et al. [145] was evaluated using a finite
element (FE) modeling framework. Erickson et al. [145] created 120 FE models of AM
17-4 PH stainless steel uniaxial tensile specimens with statistically similar closed-pore
(i.e., pores are isolated and non-overlapping) networks, assuming spherical pores. The
number of pores, pore sizes, and pore locations were sampled from distributions based on
experimental measurements of AM 17-4 PH stainless steel by Boyce et al. [148]. The pores
were explicitly modeled, and an isotropic elastic-plastic constitutive model with von Mises
plasticity and material hardening was applied. Failure was simulated using the element
deletion method. Details of the pore modeling and simulations can be found in Erickson
et al. [145]. Based on the computational fracture simulations, Erickson’s VDF metric was
shown to outperform common pore-related metrics reported in the literature in terms of
its ability to predict fracture location and its correlation with post-yielding mechanical

properties.
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Despite the promising results from Erickson’s original VDF work, there are two lim-
itations in the original formulation that are addressed in this work: lack of pore-pore
interactions and assumption of spherically shaped pores. First, although Erickson’s VDF
formulation does account for pore clustering relative to a given reference point (z.f),
it does not account for pore-pore interaction. Figure 4.1c illustrates this limitation by
showing two scenarios that would result in equivalent values of VDF despite having
obvious differences in the interactions between the two pores P; and P,. For Erickson’s
VDF formulation, the two cases have the same VDF value because the distance from z,,¢
to P, is identical in both cases, and there is no term in Eqn. 4.1 that accounts for the distance
between P; and P,. Realistically, the case on the left in Figure 4.1c could be considered more
critical than the one on the right due to the interacting stress fields between the two pores,
which could impact the fracture behavior (example FE models shown in Appendix B).
Yadollahi et al. [146] showed a higher rate of pore coalescence with specimens with closer
nearest neighbor pores in AM steels. They attributed this increase in pore coalescence
rates to the increased interactions of the pores’ stress fields. The incorporation of the
weighted nearest neighbors into the modified VDF represents this pore-pore interaction.
The second limitation of the original VDF is the assumption that all pores are spherical. It
is well documented that pore structures in AM metals can range from spherical to highly
non-spherical, depending on the mechanism of void formation [28]. Irregularly shaped
(non-spherical) pores generally have more impact on the tensile behavior than do spherical
pores depending on their orientation relative to the loading direction [30]. Since Erickson’s
original VDF formulation assumes every pore is spherical, it does not account for the range
of pore morphologies that are observed in AM metals. Thus, this work seeks to extend the

VDF to address both of the aforementioned limitations.

4.2.1 Pore-pore interaction
To account for pore-pore interactions in the modified VDF formulation, a nearest-neighbor
calculation is performed for each pore (as shown in Figure 4.1d), and the VDF formulation
is enriched with a weighted nearest-neighbor distance term, a;, using the same Laplacian

function form that was used in the original derivation:
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n v;e aL oc
VDF(zef, P) = ) | ’ (4.4)
i=1 Vgauge
where -
T wid,
g = ==L T (4.5)
Y

The term a; accounts for the pore-pore interactions via a weighted nearest-neighbor for-
mulation, with the weights assigned by the term w, which is an array of length n — 1. In
this work, a linear weighting? is used such that the array consists of evenly spaced values
ranging from 1 to 0, which, for a given pore, will weight the closer pores more than pores
farther away. The array of nearest-neighbor distances, d, is arranged closest to farthest and
measures the distance between the centroids of the i and jth pores. Similar to the scaling
parameters « and p, 7 is a scaling parameter for the exponential decay and expresses the
relative influence of a given pore on the VDF value in terms of its interactions with all
other pores in the specimen. The optimal value of v was determined using a Bayesian
optimization approach [149] similar to that used in Erickson et al. [145] to find the optimal
values of « and p. The optimal value was determined to be 0.225 and is used for the

remainder of this work.

4.2.2 Non-spherical pores
To account for non-spherical pores, and the stress concentrations that they induce,
ellipsoids are fitted rather than spheres. Fit parameters for the ellipsoid include the major
semi-axis (,), the minor semi-axes (1, 7), and the angles 6., ¢x, and ¢, depicted in Figure
4.2a. Because non-spherical pores have been shown to contribute to crack initiation (e.g.,
[150]), the term in the VDF that describes a given pore’s distance to the nearest free surface
is scaled by the pore’s sphericity, ¥; [151]:

V/36mv?
y,=Y !

4.

e 46)
where A; is the surface area of the pore. Additionally, the value of r; from the original
derivation is updated to account for non-spherical pore shapes. Referring to Figure 4.2,

the updated value, r;, is calculated as:

2Various weighting arrays were tested, and it was found that the linear weighting performed the best.
More details can be found in Appendix B.
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4.2.3 New VDF formulation
The final, modified VDF formulation is given in Eqn. 4.8,
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(4.8)

An overview of the implementation of the VDF calculation is provided by Algorithm 1.
Prior to experimental evaluation using the mesoscale tensile specimens, the modified VDF

was assessed by revisiting the computational results from Erickson et al. [145].

4.3 Materials and methods

An experimental evaluation of the modified VDF formulation is carried out using mesoscale
tensile specimens machined from the grip sections of AM IN718 fatigue specimens studied
previously by Watring et al. [10]. The specimens were fabricated using a 3D Systems®
ProX DMP 320 machine and IN718 powder. In the previous study [10], 25 unique build
conditions were investigated in terms of their impact on total fatigue life. It was found
that, of three build orientations considered, the 0° and 60° build orientations resulted in the
minimum and maximum fatigue lifetimes, respectively, for a given value of laser-energy
density. Furthermore, for a given build orientation, the total fatigue life versus laser-energy
density exhibited a bell-shaped curve, with a maximum fatigue life corresponding to a
laser-energy density of approximately 62]/ mm?3. Of the 25 build conditions considered
previously, the two build conditions representing the best fatigue performance for the 0°
and 60° build orientations are selected for the current study. Table 4.1 shows the L-PBF
parameters used to fabricate the specimens for the two build conditions. The reader is
referred to previous work by Watring et al. [1, 10] for more details about the material.

As illustrated in Figure 4.3, grip regions from the previously investigated fatigue speci-
mens [10] were thinned to approximately 400 pm using wire electrical discharge machining

(wire-EDM). From the wafers, mesoscale tensile specimens based on previous work from

3Certain commercial software, equipment, instruments or materials are identified in this paper to ade-
quately specify the experimental procedure. Such identification is not intended to imply recommendation
or endorsement by the National Institute of Standards and Technology, nor is it intended to imply that the
equipment or materials identified are necessarily the best available for the purpose.
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Liew et al. [152] and Benzing et al. [153] were excised (dimensions are depicted in Figure
4.3d). Three specimens for each build condition were excised for a total of six specimens.
The mesoscale tensile specimens were loaded to failure in uniaxial tension at a strain
rate of 1 x 107357, and digital image correlation via an optical microscope was used to
measure strain. Guidance from ASTM E3076-18 [103] was used to calculate Young’s mod-
ulus. Additionally, yield strength, ultimate tensile strength, uniform elongation, and total
elongation were calculated according to practices recommended in ASTM E8-16a [104].
Prior to tensile testing, the entire gauge region of each mesoscale specimen was imaged
using X-ray CT to enable 3D reconstruction and quantification of the pore structure for
each specimen. A Zeiss Xradia Versa 500 X-ray CT machine (operated at 130kV to 160kV,
10W, and approximately 2 um voxel edge length) was used for the X-ray CT measure-
ments. In the CT, 1601 projection images were collected while rotating the specimen
through 360°. Each projection was 1000 pixels x 1000 pixels. Tomographic projections
were reconstructed into 3D volume, and then exported as tiff image stacks using the pro-
prietary algorithm provided in the Xradia software provided with the X-ray CT machine.
Image processing, segmentation, and format conversion was conducted in a combination
of custom Python scripts and FIJI [154]. DREAM.3D [155] was used to quantify the dimen-
sions, orientation, and location of each pore (assuming a best-fit ellipsoid), which were
then used to define the pore parameters in the VDF described in section 4.2. Specifically, for
each pore, the centroid, volume, surface area, major semi-axis, and orientation of the major
semi-axis were recorded. Subsequently, the fraction porosity was measured using the total
volume of the pores and the total volume of the specimen observed in the CT data. The
sphericity was calculated by Eqn. 4.6. Visual reconstructions of the porosity distribution
for each specimen were performed using ParaView [156]. Following tensile testing to
failure, the gauge region for each specimen was characterized again using X-ray CT. The
post-fracture CT data provides a visual reconstruction of the fractured surfaces and allows
for a measurement of the fracture location. Post-failure X-ray CT was conducted at a higher
resolution, with voxel edge length of about 1 pm. This was achieved by using “vertical
stitching” (a custom mode in the Xradia control software) to extend the vertical dimension
as necessary to image the entirety of each half of the fracture gauge section. Images were

then down sampled to match the resolution of the initial scans.
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4.4 Results
4.4.1 X-Ray CT and porosity values

The X-ray CT measurements were used to quantify the pore structures among the
mesoscale specimens. The image stack from each of the CT measurements for each speci-
men was converted to a VIK file and visualized using Paraview [156]. The CT reconstruc-
tion is visualized in Figure 4.4, which shows both the internal porosity and the surface
topography of each specimen. Although Figures 4.4a, 4.4b, and 4.4c show three different
specimens from the same build condition (P1: 220 W, 1180 mm /s, 60° orientation), there is
a slight difference in fraction porosity: 0.04 %, 0.05 %, and 0.01 %, respectively. This also
holds true for the second build condition (P2: 330 W, 1770mm/s, 0° orientation), where
the first specimen (P2;) has a fraction porosity of 0.08 % compared to 0.01 % and 0.02 % for
the second and third specimens (P2; and P23), respectively. The distribution of porosity
To determine if the distribution of porosity between specimens are significantly different,
a t-test assuming unequal variances was performed between each of the specimens [157],
where the t-test . The results from the t-test analysis show that for the first build condition,
the mean pore sizes for the three specimens were not significantly different (p values of
0.39, 0.09, and 0.11). For the second build condition, the mean pore sizes are also not
significantly different when taking a p < 0.05 to be significant (p values of 0.06, 0.34, and
0.05). However, even though the mean pore sizes are not significantly different, the fraction
porosity values show that there is a higher amount of porosity in the first specimen for the

second build condition.

4.4.2 Stress-strain curves and tensile properties

The measured stress-strain curves for the specimens are shown in Figure 4.5. The
nominal cross-sectional area was measured by using a bounding box measurement from
the CT image stack. This measurement is comparable to a caliper measurement, which
was avoided due to the delicate nature of the specimens. This nominal area was used to
calculate the nominal engineering stress. The first specimen from the second build con-
dition (P2;) shows much higher tensile properties compared to the rest of the specimens
(Table 4.2). However, the tensile properties are significantly lower for all six specimens

compared to the bulk properties obtained using sub-sized tensile specimens in work pre-
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viously performed by the authors for the same build condition [1].

4.4.3 Modified VDF results

Prior to the experimental evaluation performed using the mesoscale tensile specimens,
a numerical evaluation of the modified VDF formulation was performed using Erickson’s
data [145]. As reported by Erickson et al. [145], the original VDF formulation was able
to accurately predict (within a 5% tolerance) the fracture location for 91 out of 120 sim-
ulated tensile tests using the FE framework. For the same tolerance, the modified VDF
formulation presented herein is able to predict fracture location in 96 out of 120 simulated
tensile tests, representing a 5.5 % increase in the number of accurately predicted fracture
locations compared to the original VDF formulation. By comparing each sample within
the population, it is observed that there are six FE simulations for which the modified
VDF accurately predicts the fracture location while the original VDF does not (shown in
Figure 4.6), and one simulation for which the original VDF accurately predicts the fracture
location and the modified VDF does not. This observation is discussed in the following
section.

The modified VDF formulation was then experimentally evaluated by predicting frac-
ture location in the six L-PBF IN718 mesoscale tensile specimens. For comparison, the
original VDF formulation by Erickson was calculated along with the cross-section area
reduction due to porosity along the entire gauge length for each of the six specimens.
The plots in Figure 4.7 show the original and modified VDFs and the cross-section area
reduction as a percentage. Below each plot are the CT reconstructions of the corresponding
specimen in both the undeformed and fractured states, with the pores highlighted in
red. For reference, the largest pore by volume in the undeformed state is circled for each
specimen. Based on Erickson’s original VDF, the location of global maximum coincides
with the fracture location in two out of six specimens (P13 and P2;). Similarly, the location
of the maximum cross-section area reduction as well as that of the largest pore coincide
with the fracture location in the same two specimens. On the other hand, for the modified
VDF presented in this work, the location of global maximum coincides with the fracture
location in four out of the six specimens. These results are discussed further in the next

section.
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4.5 Discussion

4.5.1 Application of the modified VDF to computational fracture simulations:
Impact of pore-pore interactions

The performance of the modified VDF is first discussed in the context of the numerical
data set investigated by Erickson et al. [145]. Recall that the numerical data set was
generated based on pore distributions from experimental-characterization data, which re-
sulted in statistically represented pore distributions. However, the synthetic pore networks
were based on the assumption of spherical pores. Since the numerical data set contains
pore networks with only spherical pores, any improvement in the modified VDF on the
numerical data set is due to the pore-pore interaction (modeled by the weighted nearest
neighbor in the modified VDF formulation). As previously discussed, the modified VDF
predicts the fracture location correctly in 96 out of 120 simulated tensile tests, whereas
the Erickson VDF accurately predicted the fracture location in 91 out of 120 simulated
tensile tests. This is approximately 5.5 % more specimens accurately predicted due solely
to the pore-pore interaction modification on the VDF. Figure 4.8a shows one of the six
simulations for which the modified VDF accurately predicts the fracture location when
the Erickson VDF does not. The Erickson VDF predicts that fracture will occur at the
large pore at the beginning of the gauge length (shown in the first region in Figure 4.8a).
The pore located at the second point in Figure 4.8a is actually slightly larger with an
equivalent spherical diameter (ESD) of 99.75 pm compared to an ESD of 96.59 pm for the
tirst pore. However, Erickson’s VDF predicts fracture will occur at the first pore due
to its relative location to the free surface. Although the Erickson VDF does account for
clustering of the pores with relation to a reference point along the gauge length, it does
not account for the possible pore-pore interaction. As previously discussed, Yadollahi et
al. [146] showed a higher rate of pore coalescence with specimens with closer nearest
neighbor pores in AM steels. They attributed this increase in pore coalescence rates to
the increased interactions of the pores” stress fields. The incorporation of the weighted
nearest neighbors into the modified VDF represents this pore-pore interaction. Specifically,
in Figure 4.8a, the location at which the modified VDF predicts fracture to occur consists
of the large pore closely surrounded by a large number of smaller pores. This indicates

that for this simulation the pore-pore interaction was correctly weighed relative to the size
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and the location of the pore to the surface. This holds true for the five other simulations
(Figure 4.6) where the weighted nearest neighbor addition to the modified VDF enables
the accurate prediction of the fracture location through representation of the pore-pore
interaction. However, one example of when the modified VDF incorrectly predicts the
fracture location is shown in Figure 4.8b. In this example, the Erickson VDF correctly
predicts fracture occurs at the second point, where there are two large pores (ESDs of
79.36 pm and 90.57 ym) that are both located relatively close to the surface. The modified
VDF predicts that fracture will occur in this simulation at the first point in Figure 4.8b,
where there is one large pore (81.49 pm) surrounded by multiple smaller pores. In this
instance, the modified VDF weighs the pore-pore interaction too heavily compared to the
size and the location of the pores to the surface. However, six simulations where the
modified outperforms the Erickson VDF and only one where it does not is a significant
improvement due to the incorporation of the pore-pore interactions.

Similar to the work presented in Erickson et al. [145], a correlation study was per-
formed between the pore metrics and the mechanical properties. To compare how well
the modified VDF does against other pore metrics, a Pearson correlation analysis was
performed on the numerical data set. Figure 4.9a shows the correlation values between
the mechanical properties of the simulated tensile tests and the pore metrics including
the modified VDEF. The mec represents the fraction porosity, the Ny, is the number of
pores, CS Ay is the average cross-sectional area reduction, CS A4y is the maximum cross-
sectional area reduction, NN D, is the average nearest neighbor distance, ESDgy, is the
average equivalent spherical diameter, ESD,4y is the maximum equivalent spherical diam-
eter, and VDF,,;, is the maximum value of the modified VDF. The mechanical properties
consist of the elastic modulus (E), the yield strength (cy), the ultimate tensile strength
(ou), the percent elongation (ef), and the toughness modulus (Uf). The common pore
metrics (i.e., fraction porosity, the number of pores, and cross-sectional area reductions)
have the highest correlation to both the elastic modulus and the yield strength. However,
the maximum value of the modified VDF has the highest correlation coefficients with the
post-yielding mechanical properties (i.e., oy, es, Uy). This indicates that the modified VDF
does a better job at predicting fracture-related properties than other pore metrics. This is

evident in the correlation analysis between the actual fracture location and the predicted
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fracture location (Figure 4.9b), where the correlation between the predicted fracture loca-
tion using the maximum VDF location is higher compared to the location of the maximum
cross-sectional area reduction and the location of the largest pore. This is consistent with
the results of the correlation analysis performed by Erickson et al. [145]. Erickson et al.
[145] also determined an ambiguity score to quantify the difference of the global and local
VDF maximum values. The higher ambiguity scores indicated the local maximums are
similar to the value of the global maximum, which would translate to an ambiguous frac-
ture location. They showed that when removing simulations that had an ambiguity score
of more than 0.7, the VDF was able to predict the fracture location more accurately (38 out
of 39 specimens). Applying the same ambiguity calculations and threshold to the modified
VDF formulation, a total of 40 specimens would have a less than 0.7 ambiguity score.
Similar to the Erickson et al. [145] work, the fracture location prediction became slightly
more accurate with predicting the fracture in 35 out of the 40 specimens (87.5%). The
correlation between the predicted location and the actual fracture location also increases
(Figure 4.9b). A clear visualization of this improvement can be seen in Figure 4.9c, where
the actual versus the predicted fracture location for the maximum cross sectional area
reduction, location of the maximum pore size, the location of the maximum VDF value,
and the location of the maximum VDF value for specimens with less than 0.7 ambiguity
score are plotted. It is clear that removing the more ambiguous specimens, some of the
outliers (in Figure 4.9¢) are removed. Comparing the modified VDF to the Erickson VDE,
approximately the same number of specimens fall within the ambiguity score threshold
(40 and 39, respectively). The modified VDF, however, predicted fewer specimens when
removing specimens with an ambiguity score higher than 0.7 despite predicting more
prior to the ambiguity score thresholding. Some specimens that were accurately predicted
with the modified VDF were removed during this thresholding. This would indicate
that although the modified VDF generally performs better than the Erickson VDE, the
ambiguity is increased from adding the pore-pore interaction. Figure 4.6e shows a clear
example of how this takes place. When the pore-pore interaction is included in the VDF
formulation, the VDF value for the area (around 0.4 mm) with a high number of pores
increases. The modified VDF accurately predicts the fracture to occur at this location when

the Erickson VDF does not, but also increases the ambiguity of this prediction resulting
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in this being one of the specimens that would be removed when applying an ambiguity
score threshold. The modified VDF shows a slight predictive improvement compared to
the Erickson VDE. However, when comparing to the current pore metrics used to predict
fracture location, the modified VDF performs exceptionally well. Recall the location of the
maximum cross-sectional area reduction and the location of the largest pore accurately
predicted 58 out of the 120 specimens (48 %) and 59 out of the 120 specimens (49 %),
respectively. The modified VDF accurately predicted 65.5% more specimens than the
location of the maximum cross-sectional area reduction and 62.7 % more specimens than
the location of the largest pore. This shows significant improvement over the commonly
used pore metrics to predict fracture location and demonstrates the VDF is a promising

metric to predict failure properties in AM metals.

4.5.2 Application of the modified VDF to experimental data:
Impact of pore-pore interactions and pore ellipticity

As mentioned above, the modified VDF was evaluated using the six mesoscale ten-
sile specimens. The pore structure for the mesoscale tensile specimens differ from the
simulated tensile specimens in the work from Erickson et al. [145]. The porosity shown
in each of the specimens in Figure 4.4 has irregular shaped pores. The modified VDF
incorporates both the pore-pore interaction and the pore ellipticity into the formulation.
As previously discussed, the numerical data set from Erickson et al. [145] consisted of
only spherical pores making it impossible to determine the impact of fitting ellipsoids
to the pores. However, there is literature showing that the shape of pores impacts the
tensile properties and fracture locations. Hilaire et al. [30] showed that lack-of-fusion pores
(irregularly shaped) created localized stress concentrations and promoted the initiation of
sharp cracks, whereas the more spherical (gas pores) did not initiate fracture under tensile
loading. The work from Hilaire et al. [30] would indicate that under tensile loading,
irregular shaped pores contribute to fracture more than spherical pores. Therefore, it
is important to determine the impact of the ellipsoid fitting in the VDF formulation. In
the mesoscale tensile specimens, both pore-pore interactions and the ellipsoid fitting will
impact the prediction of the fracture location. The modified VDF is able to accurately
predict fracture location for four out of six specimens (66.6 %) compared to two out of six

specimens (33.3 %) for the Erickson VDF (shown in Figure 4.7).
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To decouple the impact of the pore-pore interactions and the ellipsoid fitting for the
mesoscale specimens, the modified VDF was split into a VDF containing only the pore-
pore interaction and the ellipsoid fitting and re-evaluated on the six mesoscale specimens.
The VDF including just the pore-pore interaction term predicts the fracture location two
out of the six specimens (33.3 %). The pore-pore interaction changes the predicted fracture
location in two of the specimens compared to the Erickson VDE. When looking at the
maximum VDF with just the ellipsoid fitting term, the predicted fracture location changes
in two of the six specimens compared to the Erickson VDF, which are different specimens
than those predicted for the pore-pore impact. However, the maximum VDF including just
the ellipsoid fitting coincides with fracture location in three of the six specimens (50.0 %).
Depending on the specimen, the pores will have different impacts on the modified VDFE.
A clear example of this is in the first mesoscale specimen for build condition P1. The
VDF formulation is decomposed to demonstrate the relative impact from the pore-pore
interaction and the ellipsoid fitting (shown in Figure 4.10). Figure 4.10a shows the Erick-
son VDF plotted against the partially modified VDF containing the pore-pore interaction
term. There is a clear indication at the first highlighted location that this clustering of
pores increases the VDF value due to the pore-pore interaction. Although including the
pore-pore interaction increases the VDF value at the fracture location, the global maximum
would still predict fracture to occur at the same location as that predicted by the Erickson
VDE. Figure 4.10b shows the impact of the ellipsoid fitting (sans pore-pore interaction).
In the first highlighted section of Figure 4.10b, there is an irregularly shaped pore that is
relatively small in size. In the Erickson VDE, this pore does not increase the VDF value
due to its small size. However, in the partially modified VDF that includes the ellipsoid
fitting term, a small local maximum appears at this pore’s location. This shows that the
modified VDF value increases at pore locations that are more irregular in shape, which
reflects research showing that such irregular pores increase localized stress concentrations
and hence influence fracture behavior. The next highlighted section in Figure 4.10b shows
the region discussed in Figure 4.10a. This clustering of pores has one pore that is large
and irregularly shaped. The irregular shape of this pore increases the VDF value at its
corresponding location. However, the predicted fracture location (i.e., location of global

maximum) remains the same. The highlighted section in Figure 4.10c shows the combined
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effect of the pore-pore interaction and the ellipticity terms. In this highlighted section,
the non-spherical pore shape together with pore-pore interaction drive the VDF value to
exhibit a global maximum, which correctly predicts the fracture location. This example
shows the breakdown of how each additional parameter in the modified VDF influences
the VDF values.

Similar to the computational work, the modified VDF was compared to the location
of the maximum reduction in cross-sectional area and the location of the largest pore for
the experimental data set. The location of the maximum pore size and the location of the
maximum cross-sectional area reduction accurately predicted fracture location in two out
of the six specimens (which were the same as those accurately predicted by the Erickson
VDF), as compared to the four fracture locations accurately predicted by the modified VDE.
Additionally, there are no cases for which any of the other metrics correctly predict fracture
location and the modified VDF does not.

There are two specimens for which none of the metrics considered (including the mod-
ified VDF) accurately predicts the fracture location: P1, and P23. Examining closely the CT
data for P1; (Figures 4.7b and 4.4b), there are no obvious features in the region where frac-
ture occurred that would indicate that fracture was driven by porosity or surface rough-
ness. Thus, it is postulated that fracture could have been driven by features in the grain
or sub-grain structures. However, further investigation is required to confirm this. Ex-
amining the VDF plot for specimen P23 (Figure4.7f), it is noted that there is a near-plateau
region of high VDF values within which fracture occurred. Thus, although fracture did not
occur precisely at the point of the VDF global maximum, it did occur within the elevated
plateau region. This example demonstrates the potential ambiguity in selecting a single
point of fracture and shows that, in some cases, it might be appropriate to use the VDF
function to evaluate potential regions, rather than points, of failure. In summary, although
the original Erickson VDF does not outperform the common pore metrics for predicting
fracture in the experimental tensile specimens, the predictive capability of the VDF is

improved significantly once the pore-pore interaction and the pore ellipticity are included.
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4.5.3 Limitations and future work

Although this work shows significant improvement to the predictive capabilities of the
VDF, there are still limitations to the work that should be addressed. This work focused
on improving the predictive capabilities of the VDF to account for pore shape, specifically
ellipticity, and pore-pore interaction. Similar to the limitations addressed in Erickson et al.
[145], this work neglects the effects of surface roughness. However, surface roughness is
known to play a critical role in the mechanical response of AM metals, especially fatigue
life [10,81-83,158]. The mesoscale specimens presented in this work were excised via
wire-EDM, which was assumed to remove any significant surface roughness imparted by
the L-PBF process. However, there could still be local surface roughness features that may
have affected the tensile properties. For applications in which the as-built surface remains
intact, the surface roughness would depend on geometry, processing parameters, and
build orientation, which could have a significant impact on the mechanical behavior. Thus,
future work should incorporate effects of surface roughness into the VDF formulation.
Another current limitation of the modified VDF formulation is that both the Erickson VDF
and the modified VDF presented in this work assume a one-dimensional problem using
uniaxial tensile testing (i.e., VDF is expressed as a function of position along the loading
axis). Additionally, AM metals have been shown to exhibit anisotropic mechanical behav-
ior with respect to build orientation [159]. In the future, the VDF formulation could be
extended to account for multi-axial loading, anisotropic behavior, and failure predictions
for more complex, three-dimensional geometries.

Although there are still limitations to the general application of the VDF to complex
AM parts, the modified VDF shows significant improvement over common pore metrics
in predicting the fracture location and correlating with the mechanical properties. Sig-
nificant improvement is made upon the current pore metrics by including the pore-pore
interaction, pore size, pore shape, pore clustering, and the location of pores relative to the

free surface of the specimen.

4.6 Conclusion
In this study, the void descriptor function (VDF) developed by Erickson et al. [145]

was modified and improved via incorporation of pore-pore interactions and pore shapes
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(as measured by ellipticity). The numerical data set from the work by Erickson et al.
[145] that simulated the uniaxial tensile testing of porous AM metals was first used to
compare the modified VDF to Erickson’s original VDF and other common pore metrics.
After analyzing the modified VDF using this numerical data set, six mesoscale IN718
specimens manufactured by laser powder bed fusion were used to experimentally evaluate
the modified VDEF. Based on the results from the application of the modified VDF on both

the numerical data set and the mesoscale specimens, the following conclusions are made:

1. The incorporation of the pore-pore interaction (using weighted nearest neighbors)
accurately predicted the fracture location (£5 %) for approximately 5.5 % more spec-
imens than the Erickson VDFE. The modified VDF accurately predicted 96 out of 120
specimens, whereas the Erickson VDF predicted 91 out of 120 specimens. Although
the modified VDF showed only a slight improvement compared to the Erickson
VDE, the VDF in general shows significant improvement over common pore metrics.
The modified VDF accurately predicted fracture in 65.5 % more specimens than the
maximum cross section reduction and 62.7 % more specimens than the maximum

pore size.

2. The improvement of the modified VDF due to the ellipsoid fitting is more complex to
quantify. However, the modified VDF, combining both the pore-pore interaction and
the pore ellipticity, accurately predicted fracture location in four out of six specimens
in the experimental evaluation compared to two out of six for the original VDE,
the maximum reduction in cross-sectional area, and the location of the largest pore
by volume. This is the first time the VDF has been experimentally evaluated, and
it shows improved predictive capability for fracture locations in the experimental

dataset relative to previously reported pore metrics.

3. The maximum value of the modified VDF exhibits a strong correlation with post-
yield mechanical properties compared to the correlation between mechanical prop-
erties and commonly reported pore metrics, including fraction porosity, the number
of pores, maximum pore size, average pore size, and maximum cross-sectional area

reduction for the numerical data set. This result suggests that the VDF could be a
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promising metric to assist with characterizing pore networks and predicting ductile-

metal failure properties, including for AM metals.

4. The promising results from the assessment of the modified VDF against both the
numerical data set and the experimental, mesoscale specimens shows that pore-pore
interaction and pore shape play a vital roles in the fracture behavior in porous AM
metals. The development of metrics that account for interactions between different
mechanisms driving failure in AM metals is vital for the incorporation of AM metals

into critical applications.

Algorithm 1: Modified VDF formulation

1 Foreach z,.r in L
2 For pore i from 1 to n, where n is the total number of pores
3 Step 1: Calculate effect of pore-pore interactions, a;

4 Forj=1ton-1
5
6

Generate linearly spaced weight vector w; from 1 to 0
Generate nearest-neighbor distance vector d; ;

Z’?:’lw-d-,'
7 Calculate q; = ==L

(e}

Step 2: Calculate effect of pore clustering along gauge length, S;
Calculate S; = |z; — zyf|

=)

10 Step 3: Calculate effect of pore distance to free surface, |c — 7|
11 Calculate fitted ellipsoid parameters

12 Major semi-axis of the ellipsoid: 7,

13 Ellipsoid angles from major semi-axis: 0y, ¢x, and ¢,

14 Calculate distance from centroid to edge of pore, r;

15 Calculate |c — 7}

16 Step 4: Calculate VDF contribution for pore i

17 Sum VDF values for all pores according to Eqn. 4.4

Table 4.1. L-PBF IN718 processing parameters for the two build conditions.

Build Laser power Scanspeed Layer thickness Build orientation Laser-energy density
condition W) (mm/s) (pm) ©) (J/mm?3)
P1 220 1180 30 60 62
P2 330 1770 30 0 62



75

b) View A-A

y

\ e
V4

c)

Equivalent VDF values

Figure 4.1. Magnified view of specimen gauge section illustrating parameters used in the
original and modified VDF formulations, where the z axis is aligned with the longitudinal
axis of the tensile specimen. a) Magnified view along the gauge length, adapted from Ref.
[145]. b) View of the gauge cross section, adapted from Ref. [145]. c) Limitation of the
original VDF, where two instances have the same VDF value despite having different in-
teractions between P; and P,. d) Proposed improvement to original VDF by incorporating
pore-pore interactions using the parameter d; ;.
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b)

Figure 4.2. Ellipsoidal representation of pore P;. a) Best-fit ellipsoid showing the major
semi-axis (,), the angle between vector 7, and the projection of 7, in the xy plane (9xy), the
angles between the projection of 7, and the x axis (¢x) and the projection of 7, and the y
axis (¢y), and the centroid of the ellipsoid (x;, y;,z;). b) The projected ellipsoid in the xy
plane and the definition of 7} and ¢ used in the VDF formulation.

Table 4.2. Mechanical properties for six L-PBF IN718 mesoscale specimens and bulk
properties from previous work [1]. Build condition P1: 220 W, 1180 mm /s, 60° orientation
orientation. Build condition P2: 330 W, 1770 mm /s, 0° orientation.

Yield strength Ultimate tensile strength Uniform elongation Total elongation

Specimen (MPa) (MPa) - -

P14 290 416 0.0573 0.0758
P1, 552 668 0.0784 0.0957
P13 326 503 0.1070 0.1497
Plyux [1] 772 1070 0.2100 0.2800
P2, 555 768 0.1175 0.1343
P2, 541 759 0.1664 0.1868
P23 372 598 0.1847 0.2001

P2pu [1] 798 1081 0.2200 0.2900
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Figure 4.3. Reuse of fatigue specimens from a previous study [10]. a) All as-built IN718
fatigue specimens on the build plate prior to removal; the six specimens used in the
current study are highlighted (refer to electronic version for color distinction). b) Target
dimensions for the fatigue specimens in accordance with ASTM E466-15. c) Thinned grip
region of the fatigue specimens, from which the mesoscale specimens are excised. d)
Nominal dimensions of mesoscale tensile specimens.
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Figure 4.4. X-ray CT reconstructions of L-PBF IN718 mesoscale specimens showing in-
ternal pore structures highlighted in red. a-c) Three specimens manufactured using build
condition P1 (220W, 1180mm/s, 60° orientation). d-f) Three specimens manufactured
using build condition P2 (330 W, 1770 mm /s, 0° orientation). Specimens were excised from
larger samples using precision wire-EDM on all surfaces.
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Figure 4.7. Erickson’s VDF and modified VDF predictions of fracture locations, where
the maximum value for each VDF is circled, for build condition P1 (220 W, 1180 mm/s,
60° orientation) specimens a) P15, b) P1,, and c) P13, and for build condition P2 (330 W,
1770mm/s, 0° orientation) specimens d) P25, e) P2, and f) P23. For each specimen, the
cross-section reduction due to porosity is plotted in red and the location of the largest pore
by volume is circled in red.
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Figure 4.8. Important features in the computational fracture simulations for a) a simulation
for which the modified VDF accurately predicted the fracture location and the Erickson
VDF did not, and b) a simulation for which the Erickson VDF accurately predicted fracture
location and the modified VDF did not.
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Figure 4.9. Correlation studies showing a) Pearson correlation coefficients between pore
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CHAPTER 5

SUMMARY, CONCLUSIONS, AND FUTURE
RECOMMENDATIONS

This dissertation provides an investigation into the processing-structure-property re-
lationships for laser powder bed fused Inconel 718 using materials characterization and
mechanical testing across multiple length scales. Within the dissertation, three main topics
were investigated. The objective of the first study was to examine the relationships among
the AM process parameters, surface roughness parameters, and the high-cycle fatigue life
for as-built laser powder bed fused Inconel 718. The objective of the second study was
to relate the pore structure, microstructure, and quasi-static tensile properties to various
processing conditions for laser powder bed fused Inconel 718. The last study sought
to improve upon a void descriptor function to characterize pore structures in additively
manufactured metals and to use mesoscale tensile specimens to experimentally validate
the modified function.

The work presented in the first study was one of the first works to investigate the
as-built condition of L-PBF Inconel 718 for a large number of parameter sets in the context
of fatigue. The findings showed that there are two competing mechanisms controlling the
fatigue life in as-built L-PBF Inconel 718: surface roughness and porosity. Furthermore,
the results showed that both the surface roughness and porosity can be controlled by the
processing parameters, and non-optimal build parameters caused a significant increase in
surface and sub-surface crack initiation sites leading to a reduction in fatigue life. It was
found that surface roughness is mainly associated with the build orientation and porosity
is mainly associated with laser-energy density.

Although the first study concluded that the porosity was crucial in governing the
fatigue life in as-built AM Inconel 718, there was no quantification of the influence of

the processing parameters on the variability of the three-dimensional pore structure and
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microstructure and their corresponding impact on tensile properties. Therefore, the second
study focused on quantifying the three-dimensional pore structure, microstructure, and
quasi-static tensile properties. This work confirmed that the variation of the pore struc-
ture was predominantly controlled by the laser-energy density and found that for L-PBF
Inconel 718, there exists a range of laser-energy density for which the relative density
is optimized. Additionally, one of the salient findings from this work was that unique
sub-grain structures and intragranular misorientations develop during the AM process.
This was one of the first publications to report on these sub-grain features in L-PBF Inconel,
as many of these sub-grain structures are completely erased during post processing.

Finally, the last study presented work on deriving a modified void descriptor function
and experimentally validating its predictive capability for fracture location using mesoscale
L-PBF Inconel 718 specimens. This work improved on a previously derived void descrip-
tor function to include pore-pore interaction and pore ellipticity in addition to pore size,
pore clustering, and location of pores relative to the free surface, all expressed in a single
metric. The modified VDF shows significant improvement over common pore metrics in
predictive capabilities, which indicates that it is a promising metric to assist with charac-
terizing pore networks and predicting ductile-metal failure properties. The development
of metrics that account for interactions between different mechanisms driving failure in
AM metals is vital for the incorporation of AM metals into critical applications.

In terms of future work, it is recommended to further investigate and model the evo-
lution of the observed sub-grain structures and intragranular misorientations and their
respective impact on mechanical behavior. Such work on sub-grain structures would
benefit research in Ni-based, Fe-based, and high entropy alloys, which are alloys in which
sub-grain structures have been observed. Specifically, the evolution of the sub-grain struc-
tures and intragranular misorientations as a function of the AM processing parameters and
their effects on the mechanical properties should be quantified, which will expand the use
of as-built AM components in critical applications. Another suggestions for future work
is to expand the void descriptor function. As discussed in Chapter 4, the void descrip-
tor function shows significant improvements over common pore metrics for predicting
fracture location and fracture-related mechanical properties. Although this is a significant

improvement, the void descriptor function still has a few limitations. Surface roughness is
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known to play a critical role in the mechanical response of AM metals, especially in fatigue
life. In the current state, the void descriptor function assumes the surface roughness
does not impact fracture. Therefore, the author recommends future work expanding the
scope of the void descriptor function to incorporate the impact of surface roughness on
fracture. Additionally, the void descriptor function currently assumes a one-dimensional
problem using uniaxial tensile testing. Expanding the void descriptor function to use a
more generalized stress state will allow for the void descriptor function to be used to

predict fracture in more complex loading scenarios and more complex geometries.



APPENDIX A

SURFACE ROUGHNESS PARAMETERS AND
CORRELATION COEFFICIENTS

Topography parameters considered in this work include the asperity-peak density (77),
the asperity-peak radius (p), and the standard deviation of asperity-peak heights (c5). The
spectral moment approach, developed by McCool et al. [160], was used to calculate the
surface topography parameters. In this method, the topography parameters are calculated
from the spectral moments my, my, and my. However, this method accounts for a single,
arbitrary cross section of the surface and can lead to significant variation of the calcu-
lated parameters depending on the cross section taken. A better approach to calculating
the topography parameters, suggested by Pawar et al. [161], is to average the spectral
moments from all cross sections and then calculate the topography parameters from the
averaged spectral moments. Additionally, the spectral moments can be affected by the
finite difference discretization technique used. To be consistent with literature [162], the
central finite difference discretization was used. The equations for calculating all of the
surface roughness and topography parameters are presented below.

Surface roughness parameters:

1 n m
R,=—Y ) 7; (A1)
==
1 1 n m 2
Rus(Rg) = \| =} ) 7 (A2)
i=1j=1
Rt = max Z;jj — min Z;; (A3)
ij ij
Ri= L.y Y 7 (A4)
s mnR3 = =
= ]_]
R L vy zZ4 A5



88

Table A.1. Complete list of roughness and topography parameters investigated.

Description Parameter
Roughness Average Ra
Root Mean Squared Rms (Rq)
Max Height of Profile Rt
Skewness Rsk
Kurtosis Rku
Average Distance - Peak to Valley RzDIN
Average Distance - Peak to Valley (Japanese Standard) RzJIS
Asperity-Peak Density 1
Asperity-Peak Radius 1Y
Standard Deviation of Asperity-Peak Heights s
R:pin = Z Ry, (A.6)
Rzprs = Z Ry, (A7)
n= 671% (A.8)

[T
p = 0.375 P (A9)
05 = \ll—o'gaﬂ\/mo (A.10)

= AVG(Z?) (A.11)
d
_ AVG(( df ) (A12)
2
AVG(Z Zy2) (A13)
w = 0 (A.14)
m;

Once all of the surface roughness and topography parameters were calculated, a cor-
relation study was performed to determine the roughness parameters exhibiting the high-
est correlation to the high-cycle fatigue life. Three different correlation coefficients were
investigated: the Pearson correlation, the distance correlation, and the Spearman corre-

lation. The Pearson correlation coefficient measures the linear correlation between two
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variables (Figure A.1) [163]. The Spearman correlation measures the monotonic relation-
ship between two variables, which can be linear or nonlinear (Figure A.2) [164]. Finally,
the distance correlation measures both the linear and nonlinear relationship between two
variables with one coefficient (Figure A.3) [165]. The surface roughness was averaged for
all of the scans for each of the sides. The four parameters that were selected according
to the correlation study were the roughness average (Ra), the max height of profile (Rt),
the average distance peak to valley (RzDIN), and the standard deviation of asperity-peak
heights (c5).
Pearson correlation coefficients:
o DD (-5 A5
VI (i = %)2/ 2 (v — 7)?

Spearman correlation coefficients:

6y d2

el e (A.16)
d; = rg(X;) — rg(Y;), is the difference between ranks
Distance correlation coefficients:
dCor(X,Y) = —_4CovX,Y) (A.17)

~ /dVar(X)dVar(Y)
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APPENDIX B

DIFFERENT WEIGHTING ARRAYS FOR
NEAREST NEIGHBOR FORMULATION

As discussed in Chapter 4, a; accounts for the pore-pore interactions via a weighted
nearest-neighbor formulation, with the weights assigned by the term w, which is an array
of length n — 1 . In this work, a linear weighting is used such that the array consists
of evenly spaced values ranging from 1 to 0, which, for a given pore, will weight the
closer pores more than pores farther away. The array of nearest-neighbor distances, d, is
arranged closest to farthest and measures the distance between the centroids of the it
and j™ pores. Similar to the scaling parameters a and p, 7 is a scaling parameter for
the exponential decay and expresses the relative influence of a given pore on the VDF
value in terms of its interactions with all other pores in the specimen. The optimal value
of v was determined using a Bayesian optimization approach [149] similar to that used
in Erickson et al. [145] to find the optimal values of « and p. The optimal value for
v was determined to be 0.225 and is used for the remainder of this work. Intuitively,
an exponential or logarithmic weighting of the nearest-neighbor distances may be more
appropriate. However, it is noted that the weighted nearest-neighbor term is nested within
an exponential term in Eqn. 4.8. Thus, although the nearest-neighbor distances are linearly
weighted in g;, its effect on the VDF value is nonlinear. Additionally, different arrays were
tested and compared with the linearly weighted arrays (w). For example, a logarithmic
decaying array was incorporated and analyzed using the Erickson computational data
set. The logarithmic decay array accurately predicted fracture location in 81 out of 120
simulated tensile specimens; whereas, the linearly weighted array accurately predicted
96 out of 120. It was concluded that the linearly weighted nearest neighbor distances

ultimately performed the best.



APPENDIX C

PORE ARRANGEMENT TEST CASE

Although Erickson’s VDF formulation does account for pore clustering relative to a
given reference point (z,), it does not account for pore-pore interaction. Figure 4.1c
illustrates this limitation by showing two scenarios that would result in equivalent values
of VDF despite having obvious differences in the interactions between the two pores P;
and P,. For Erickson’s VDF formulation, the two cases have the same VDF value because
the distance from z,,f to P, is identical in both cases, and there is no term in Eqn. 4.1 that
accounts for the distance between P; and P,. Realistically, the case on the left in Figure 4.1c
could be considered more critical than the one on the right due to the interacting stress
tields between the two pores, which could impact the fracture behavior. This can best be
shown using a simple FE model to show the cases with pores clustered closer together
will have a higher stress concentration. It is possible that the pore-pore interaction could
also create a stress shielding effect leading to an overall reduction in stress concentrations.
Figure C.1a and b show two cases where the interactions of the stress fields of these pores

cause an increase in stress concentration.
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Figure C.1. FE models showing pore-pore interactions effects on stress concentrations for
a) the first test case and b) the second test case.
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